Preparation, Characterisation, and Modelling of Graphene-based Polymer Nanocomposites with Enhanced Mechanical and Electrical Properties by SANTAGIULIANA, G
  
Preparation, Characterisation, and 
Modelling of Graphene-based Polymer 
Nanocomposites with Enhanced 
Mechanical and Electrical Properties 
 
 
 
Giovanni Santagiuliana 
 
Submitted in partial fulfilment of the requirements of the Degree of Doctor of Philosophy 
 
 
 
 
Supervisors: Dr Emiliano Bilotti 
Prof Nicola Pugno 
 
 
School of Engineering and Materials Science 
Queen Mary, University of London  
2 
 
 
 
 
 
 
 
 
 
 
 
In loving memory of my dear mother, Bertilla “Betty” Fanton 
  
3 
 
I, Giovanni Santagiuliana, confirm that the research included within this thesis is my own 
work or that where it has been carried out in collaboration with, or supported by others, 
that this is duly acknowledged below, and my contribution indicated. Previously 
published material is also acknowledged below. 
 
I attest that I have exercised reasonable care to ensure that the work is original, and 
does not to the best of my knowledge break any UK law, infringe any third party’s 
copyright or other Intellectual Property Right, or contain any confidential material. 
 
I accept that the College has the right to use plagiarism detection software to check the 
electronic version of the thesis. 
 
I confirm that this thesis has not been previously submitted for the award of a degree by 
this or any other university. 
 
The copyright of this thesis rests with the author and no quotation from it or information 
derived from it may be published without the prior written consent of the author. 
 
Signature: 
Date: 
  
4 
 
Details of collaboration and publications: 
 
• Data presented in this work from self-heating measurements, and impedance 
spectroscopy were collected by colleagues Harshit Porwal and Maria Crespo 
Ribadeneyra, respectively. Maria Crespo also collected the rheology data. 
Thermal diffusivity tests were performed by Politecnico di Torino (Samuele 
Colonna, Alberto Fina). HDPE + 2 wt.% xGnP750 masterbatch was kindly 
provided by colleague Olivier Picot. Samples of LLDPE + 4.8 vol.% GNP were 
prepared in collaboration with Luca Rubini. Micromechanical investigation of the 
P&F process was conducted by Lorenzo Botto. 
 
• “Pressing-and-Folding for the preparation of efficient and highly loaded 2D 
materials-based polymer nanocomposites” 
Oral presentation given at the 17th European Conference on Composite Materials 
(ECCM17), Munich, Germany, June 2016. 
 
• “Graphene-based polymer nanocomposites: the effect of filler orientation and 
distribution on the electrical and mechanical properties” 
Oral presentation given at the 9th European Solid Mechanics Conference (ESMC 
2015), Madrid, Spain, July 2015. 
 
• “How to effectively disperse graphene into polymers?” 
Poster presentation for the 1st London Polymer Group Symposium, UCL, March 
2015; and for the Industrial Liaison Forum (ILF), QMUL, October 2015. 
 
• Santagiuliana, G.; Picot, O. T.; Crespo, M.; Porwal, H.; Zhang, H.; Li, Y.; Rubini, 
L.; Colonna, S.; Fina, A.; Barbieri, E.; Spoelstra, A. B.; Mirabello, G.; Patterson, 
J. P.; Botto, L.; Pugno, N. M.; Peijs, T.; Bilotti, E. Breaking the Nanoparticle 
Loading–Dispersion Dichotomy in Polymer Nanocomposites with the Art of 
Croissant-Making. ACS Nano 2018, 12, 9040–9050, 
doi:10.1021/acsnano.8b02877. 
 
 
 
 
5 
 
• Taroni, P. J.; Santagiuliana, G.; Wan, K.; Calado, P.; Qiu, M.; Zhang, H.; Pugno, 
N. M.; Palma, M.; Stingelin-Stutzman, N.; Heeney, M.; Fenwick, O.; Baxendale, 
M.; Bilotti, E. Toward Stretchable Self-Powered Sensors Based on the 
Thermoelectric Response of PEDOT:PSS/Polyurethane Blends. Adv. Funct. 
Mater. 2018, 1704285 (1-7), doi:10.1002/adfm.201704285.  
 
• Li, Y.; Zhang, H.; Crespo, M.; Porwal, H.; Picot, O.; Santagiuliana, G.; Huang, Z.; 
Barbieri, E.; Pugno, N. M.; Peijs, T.; Bilotti, E. In Situ Exfoliation of Graphene in 
Epoxy Resins: A Facile Strategy to Efficient and Large Scale Graphene 
Nanocomposites. ACS Appl. Mater. Interfaces 2016, 8, 24112–24122, 
doi:10.1021/acsami.6b07492.  
6 
 
Abstract 
 
Despite the exceptional properties of graphene and graphite nanoplatelets (GNP), the 
performance of their polymer nanocomposites is often disappointing. Nanofiller 
agglomeration is one among many other reasons for this failure in performance, but it is 
still poorly investigated. In this project, I have systematically studied how the mechanical 
and electrical properties of nanocomposites are influenced by the nanofiller’s 
agglomeration and distribution inside the polymer matrix. I have also investigated viable 
routes able to take advantage of nanofiller agglomeration for the preparation of 
nanocomposites with enhanced multifunctionalities. 
A theoretical framework has been proposed to explain how a nanocomposite 
microstructure influences the macroscopic properties of nanocomposites. This theory 
well explains the loss of nanocomposite performance reported in the literature and has 
been further validated by experimental data obtained from model nanocomposites. 
These graphene- and GNP-based model nanocomposites were prepared using three 
different techniques. The first one, “spray-assisted layer-by-layer”, followed a bottom-up 
approach. This method allowed tailoring the spatial distribution of graphene within the 
polymer matrix. Thus, the effect of nanofiller distribution on the nanocomposite electrical 
properties was determined. The second technique was an alternative top-down 
approach inspired by the preparation of puff pastry for croissants and called “pressing-
and-folding” (P&F). This iterative technique was developed to prepare samples 
containing well-defined, increased dispersion/distribution levels of nanofiller. 
Consequently, it was possible to study how the nanocomposite mechanical properties 
improve with nanofiller dispersion, and to demonstrate how the electrical conductivity 
can reach a maximum value for non-perfect nanofiller dispersion/distribution states. 
Thirdly, nanocomposites prepared by traditional melt-blending techniques (twin-screw 
extrusion and multi-layer coextrusion) were used to compare and assess the properties 
of P&F nanocomposites and highlight the differences between P&F and melt-blending 
techniques. 
Finally, these theoretical and experimental findings illustrate how tailoring the 
microstructures could enhance desired technological functionalities of nanocomposites, 
such as mechanical reinforcement, health-monitoring, self-heating, and energy 
management. 
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eff = effective reinforcing volume fraction of the nanofiller  
Vf
c = critical volume fraction of nanofiller at which agglomeration occurs 
Af = specific surface area of the nanofiller 
Ap = total nanofiller surface area 
Ac = nanofiller-matrix contact area 
Ag = inter-particle agglomeration contact area 
D = nanofiller dispersion factor 
s = nanofiller agglomeration rate 
I = distribution rate 
t = processing time 
A0 = initial nanofiller-matrix contact area at t = 0 
Vg = volume fraction of the graphene-rich zone 
g = fraction of the graphene sheets inside the graphene-rich zone out of the total 
number of graphene sheets 
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Vfg = concentration of graphene inside the graphene-rich zone  
Vfp = concentration of graphene inside the graphene-poor zone  
ξg = average aspect-ratio of the graphene-rich zones 
βg = rate of increment of Vg with Vf 
σm = polymer matrix conductivity 
σh = polymer matrix conductivity due to electron tunnelling 
h = rate of increment of σh with Vf 
hp = hopping rate between the graphene sheets inside the graphene-poor region 
hg = hopping rate between the agglomerates 
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1.1 Graphene-based polymer nanocomposites: a brief introduction 
A graphene-based polymer nanocomposite is a polymer containing a nano-metric filler 
(thus the “nanocomposite” term) made of graphene platelets or one of the graphene 
derivatives, such as graphene oxide. Graphene is one of the constitutive atomic layers 
of graphite, thus it is a two-dimensional atomic crystal made of carbon atoms arranged 
in a hexagonal lattice. Since graphene is 1-atom-thick layer of graphite, it has at least 
one dimension in the nano-meter scale. In the scientific literature, many papers 
improperly refer to the word “graphene”, while frequently employing fillers consisting of 
graphite nanoparticles (GNP) made of many atomic layers, but still with a thickness lower 
than 100 nm. 
Graphene can be obtained in different ways, such as mechanical exfoliation of graphite, 
and chemical synthesis by chemical vapour deposition (CVD). The synthesis methods 
differ in amount of graphene that can be produced, efficiency of the procedure, and 
quality (in terms of absence of defects and lateral dimensions) of graphene. A parameter 
used to describe graphene particles is the aspect-ratio, which is the length to thickness 
average ratio of the platelets. The high aspect-ratio, combined with high intrinsic physical 
properties, makes graphene a very promising nanofiller for polymer nanocomposites. 
1.2 Technological advantages of using nanocomposites and graphene 
By introducing long, strong and stiff reinforcement phases (e.g. continuous fibres like 
carbon fibres) into a polymer, high performance composites can be made, for instance 
with mechanical properties close to those of metals. The low density and the high 
strength and stiffness of polymer composites make them ideal for demanding 
applications, like aircraft or sports utilities. Unfortunately, their high costs and labour 
intensive and batch-like production process severely limit their use. Short fibres or micro-
metric fillers have been introduced to simplify and speed up the production process, 
despite the performance of the resulting composites can result reduced. 
Compared to traditional composites made of long fibres or micro-metric fillers, 
nanocomposites have the advantage of showing high physical properties increase (e.g. 
mechanical properties, electrical and thermal properties, flame retardant, resistance to 
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gas permeation, etc.) at much lower filler's volume fraction, which can result in a weight 
saving. 
Nanocomposites have been already widely studied by the scientific community, as they 
were introduced more than two decades ago with polymer-clay nanocomposites. It is 
well known that the properties of nanocomposites originate from the nano-metric 
dimensions (that corresponds to high surface areas) and high aspect-ratios of the 
nanofillers, combined with high physical properties. A good comparison between the 
properties of nano-composites and common micro-composites can be achieved by using 
analytical composite models. According to these theories, graphene is expected to be 
the filler of choice over conventional clays and micro-fillers because of its high specific 
surface area, potentially high values of aspect-ratio, and exceptional physical properties, 
as well as for its superior thermal, electrical and gas barrier properties. The resulting 
nanocomposites are expected to show enhanced multifunctionalities, together with an 
easier processability due to low amounts of graphene needed. 
Another aspect related to nanofillers is the toughness of the resulting composites: 
because of the high interfacial area between filler and matrix, it is possible to efficiently 
dissipate a big impact energy, which can translate into toughness that is much higher 
than those of the individual materials that constitute the composite. 
1.3 Issues with graphene-based nanocomposites 
Despite graphene was isolated more than ten years ago, and a lot of research has been 
conducted to find an efficient method to obtain graphene in high quantities and good 
quality, as well as techniques to produce performing nanocomposites, some problems 
have still to be addressed or at least overcame for graphene-based nanocomposites to 
reach their full potential. 
• Independently from the synthesis technique, the yield of production of graphene 
of sufficient quality is still too low to allow the commercialisation of products; 
• The addition of functional groups to graphene platelets is useful for a good 
linkage with the matrix, which results in nanocomposites with optimised 
properties. However, certain functionalization routs may not result to be very 
effective, or could introduce damages and defects to the structure of graphene, 
thus deteriorating the properties of the nanocomposites; 
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• Lastly, it has been proven to be difficult to control the spatial organisation of 
graphene and its planarity during the preparation of nanocomposites; which 
means the capability of maintaining graphene in a planar configuration and in a 
well-dispersed, ordered arrangement inside the matrix. 
Because of these issues, obtaining nanocomposites with properties close to the one 
theoretically predicted by composite models is a challenge, especially for high volume 
fractions of graphene. 
1.4 Objectives of this research 
In reference to the above, this thesis will address the latter point, namely the spatial 
organisation and dispersion of graphene in particular in a polymer matrix. The aims of 
this research are an attempt to provide further progress or clarifications to the following 
aspects: 
1. To understand the effect of graphene agglomeration and distribution on the 
mechanical and electrical properties of nanocomposites, both theoretically and 
experimentally; 
2. To develop some processing techniques for graphene-based nanocomposites 
with a well-ordered micro-structure and a good dispersion of graphene platelets; 
3. To validate the common mechanical models of composites with the experimental 
results from the nanocomposites here synthesised, or to formulate new 
theoretical models able to consider the spatial organization of the nanofiller; 
4. To understand how to achieve high filler content in polymer/graphene 
nanocomposites in order to enhance the reinforcement effect; 
5. Eventually, to explore potential applications of graphene-based nanocomposites 
obtained by the research methods here introduced, such as strain-sensing, or 
energy-management. 
26 
 
1.5 Project description 
This project has investigated the techniques that allow the preparation of 
nanocomposites with well-defined spatial distributions and dispersions of graphene and 
GNP, and how they relate to nanocomposite physical properties. Two different 
preparation approaches have been employed in this project: 
1. Bottom-up, with the “spray-assisted layer-by-layer” (sa-LbL) technique. With sa-
LbL, it is possible to create nanocomposites by combining the nanofiller with the 
matrix step-by-step from the nanoscale up to the macroscale. The advantage of 
this technique is that it allows tailoring the concentration of the nanofiller in each 
layer that has being created in each step, thus tuning the global nanofiller spatial 
distribution in the nanocomposite microstructure. 
The materials used in this part of the project were poly-vinyl-alcohol (PVA) and 
graphene oxide (GO). As PVA and GO are both water soluble, they are easily 
processable by sa-LbL with no health hazards. Moreover, the good interactions 
between the chemical groups of PVA and GO guarantee a good compatibility 
between these two materials. As the main objective of this project unit is to 
determine the effect of nanofiller distribution on the electrical properties, the 
samples have been annealed to reduce GO and recover the defect-free basal 
plane of graphene, thus its conductivity. Then, the samples were characterised 
with a 2-point-probe setup. 
In comparison with other LbL and solution processing techniques, sa-LbL is quite 
fast, with a good potential for scaling-up. From this perspective, the sa-LbL 
apparatus has been recently automatized. However, some technical issues (e.g. 
effectiveness of the airbrush) must be resolved before it can be used reliably. 
2. Top-down, with the “pressing and folding” (P&F) technique. In this method, 
nanofiller and matrix are joined at the macroscale and, by iterating cycles of 
pressing and folding, they are mixed down to the nanoscale. At each cycle, the 
P&F performs an erosion of the nanofiller agglomerates and allows increasing 
the control over alignment and spatial organisation of GNP, obtaining 
nanocomposites with a well-oriented micro-structure. By collecting samples at 
different P&F cycles, it is then possible to study the effect of nanofiller dispersion 
and distribution on the mechanical and electrical properties of the 
nanocomposites. 
The materials used in this project unit were GNP obtained from exfoliation of 
expanded graphite, and linear low-density polyethylene (LLDPE). LLDPE was 
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chosen because of its low melting point (116 °C). The nanocomposites obtained 
have been characterised by scanning electron microscopy (SEM), X-ray 
diffraction (XRD), tensile and electrical tests in addition to rheology analysis. 
Other types of nanofiller and polymer matrices have also been used to validate 
the dispersion mechanism of the P&F technique. Moreover, samples prepared 
by traditional melt-blending techniques, such as twin-extrusion and multi-layer 
coextrusion, have been prepared to evaluate the differences between P&F and 
melt-blending techniques. 
Both the experimental data collected in this project and data reported in the literature 
have been examined and explained by classical composite theories that have been 
properly modified with new parameters able to define the nanofiller dispersion and 
distribution states. 
Finally, based on these theoretical and experimental findings, it has been demonstrated 
that nanocomposites with tailored microstructures are able to enhance some desired 
technological functionalities, such as high mechanical reinforcement due to a nacre-like 
2-level hierarchical microstructure; health-monitoring and self-heating functionalities 
increased by a diffused and interconnected nanofiller agglomeration; and energy 
management activated by an optimised nanofiller dispersion state and alignment. 
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2.1 Potentialities and challenges of graphene-based nanocomposites 
Nowadays, the development of technological commercial products (such as sporting 
goods, parts of cars, and aircrafts components) benefits from the recent nano-technology 
(the manipulation of matter at the nano-scale), as it provides new materials with 
exceptional properties. Indeed, when materials have at least one dimension lower than 
100 nano-meters, they show properties that can be highly different from those commonly 
observed when all dimensions are in the macro-scale (i.e. when materials are in their 
“bulk phase”). For example, nanomaterials can possess altered melting temperatures 
and glass transition temperatures [1], higher hardness [2], mechanical characteristics 
(like strength and stiffness) close to the theoretical limits of their constituent materials [3–
8], and unique optical behaviours (i.e. interaction with light or other electromagnetic 
waves) [9–13]. 
These properties are a consequence of two main phenomena that occur when materials 
are reduced to the nano-scale: the number of atoms on the surfaces becomes greater 
than the number of atoms inside the materials; and the number of defects inside the 
crystal lattices reduces dramatically. For instance, graphene [7], a one-atom-thick layer 
of graphite (Figure 2.1), is made only of superficial atoms, and has been proven to 
possess the following properties: 
• exceptional mechanical performances [8], with Young’s modulus of 1 TPa and 
strength of 130 GPa, which corresponds to five times the stiffness and more than 
200 times the strength of steel A36, a common structural material. However, it 
must be noted that the mechanical properties of steel must be higher if it was 
confined in the nanoscale because there would be less defects; 
• barrier to gas molecules [14]; 
• high charge carrier mobility [15], and a thermal conductivity of ~5000 Wm-1K-1 
[16], which is about three times the conductivity of diamond, the best bulk 
crystalline thermal conductor. 
 
Figure 2.1 Illustration of graphene. Graphene is made of carbon atoms organised in a honeycomb 
structure, and is the building block of graphite, a common material used, for example, in pencil leads. 
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The advantage of using graphene and other nanomaterials as nano-fillers is that they 
can improve the properties of those materials already employed for common products. 
Indeed, the mixing of nanomaterials with polymers (commonly called “plastics”) result in 
nano-composite materials with enhanced performances otherwise impossible to achieve 
with traditional fillers like carbon or glass fibres. The reason of this enhancement lies not 
only on the exceptional properties of these nanofillers, but also on the large interfaces 
between nanofillers and hosting polymers [17]. 
Considering the above mentioned properties of graphene and its large specific surface 
area of 2630 m2/g [18], polymer nanocomposites based on graphene are promising 
candidates for increasing the properties of common polymers. They are potentially able 
to simultaneously perform different functions, such as mechanical support [19], sensing 
of deformation [20,21], barrier to gases [22–24], electrical conduction and thermal 
management [25], bringing significant improvements in several potential applications. 
Nevertheless, these materials have not fulfilled their potential yet (Figure 2.2), and many 
issues still need to be overcame before large industrial applications can be achieved, as 
explained by this study. 
 
Figure 2.2 Representation of the difference in performance between ideal graphene and graphene-
based nanocomposites. Figure from ref. [26]. 
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2.1.1 Mechanical performances 
2.1.1.1 Expectations for stiffness and strength of graphene nanocomposites 
The first obvious application of graphene is that of mechanical reinforcement for 
polymers, creating structural materials with enhanced stiffness, strength (the maximum 
tensile stress that a material can withstand), and toughness (the energy needed to break 
a material) [27]. Therefore, it is important to analyse the potentials and limits of graphene 
nanocomposites in terms of mechanical properties. 
What are the best mechanical properties achievable by traditional composite materials? 
Carbon, glass, and aramid fibres traditionally act as the reinforcement phase in polymer 
composites. Can graphene nanocomposites outperform traditional composites (provided 
they have the same matrices) and even replace them? In order to assess this, we need 
to find out and compare the maximum theoretical mechanical performances achievable 
by traditional composites and by graphene nanocomposites. 
An easy way to calculate the stiffness of fibre-reinforced composites is to use the rule of 
mixture (RoM):
𝐸𝑐 = 𝐸𝑓𝑉𝑓 + 𝐸𝑚𝑉𝑚 Equation 2.1 
where Ec is the Young’s modulus of the composite, Ef and Em the Young’s moduli of 
fibres and matrix, and Vf and Vm the volume fractions of fibres and matrix, respectively. 
However, Equation 2.1 is valid only for the prediction of the composite stiffness along 
the fibres direction. Along the direction perpendicular to the fibres, the inverse rule of 
mixture applies (IRoM): 
𝐸𝑐 = (
𝑉𝑓
𝐸𝑓
+
𝑉𝑚
𝐸𝑚
)
−1
 
Equation 2.2 
From these equations, it is clear that the RoM is used as an upper bound for the 
estimation of a composite stiffness, while the IRoM as a lower bound. 
Considering a composite made by 74 vol.% (which is the maximum volume fraction that 
can be reached by circular cross-section fibres) of the stiffest carbon fibres [28,29] 
commonly used by the industry (Toray M60J, with a tensile modulus of ~600 GPa) and 
by 26 vol.% of epoxy resin matrix (typically ~3.5 GPa stiff), the benchmark appears to be 
445 GPa. Note that this benchmark represents only the stiffest composite that could 
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realistically be prepared. However, common composites are made with different types of 
fabrics with fibres oriented along defined directions, so they have much lower values of 
stiffness. 
The RoM can also predict the strength of a material. In this case, the benchmark results 
4.8 GPa, considering a composite with 74 vol.% of the most used strongest fibres (Toray 
T1000G, with a tensile strength of ~6.5 GPa), and an epoxy resin matrix with a strength 
of ~0.08 GPa. 
Could graphene-based nanocomposites realistically reach and outperform these 
benchmarks of strength and stiffness? 
One of the earliest concerns among researchers was whether traditional composite 
theories could also be applied to the properties of nanocomposites based on graphene. 
Interestingly, they experimentally found that continuum mechanics is still valid at the 
nanoscale, and able to describe the mechanical reinforcement by graphene [30]. 
However, the maximum values of stiffness and strength that can be calculated by the 
RoM for graphene nanocomposites would depend on the maximum achievable 
graphene volume fraction, which is where the first limitation comes from. 
If the thickness of a graphene sheet is 0.34 nm, and the thinnest achievable layer of 
polymer is ~5 nm (this value actually depends on the size of the polymer chain in 
consideration), then the maximum volume fraction of graphene is only 6.4%. Therefore, 
the maximum stiffness and strength of graphene-epoxy resin nanocomposites are 67 
GPa and 8.4 GPa, respectively. 
Clearly, graphene nanocomposites could potentially outperform traditional carbon fibre-
reinforced composites only in strength. The Young’s modulus of graphene 
nanocomposites is relatively low, as low as that of aluminium alloys. 
Would it be reasonable to replace traditional composites with graphene nanocomposites 
then? 
Supposing that we can produce these nanocomposites with composition, structure, and 
properties as described before, then it might be worthy using them as replacement of 
traditional composites. Indeed, they could be 20% less dense than the benchmark 
composites, and possess good stiffness and high strength not only along one direction, 
but also in all directions contained in their basal plane. 
Unfortunately, it is still not possible to prepare large amounts of such continuous 
graphene nanocomposites, i.e. containing graphene sheets as wide as the 
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nanocomposites (Figure 2.3). The reason for this is that only large-area graphene sheets 
synthesised by chemical vapour deposition are suitable for preparing continuous 
nanocomposites, but they are quite expensive sheets and suffer from defects that 
decrease their intrinsic properties. Moreover, it is not easy to create polymer layers with 
a thickness of few nanometres. Indeed, only few reports are available in the scientific 
literature regarding continuous graphene nanocomposites [31,32]. The reported 
materials are only lab-scale samples prepared by specific methods that limit the choice 
of polymers to thermoplastics, and the amount of graphene to volume fractions lower 
than 0.2%. An overview of the preparation methods for graphene and nanocomposites 
with their pros and cons is provided in the next section. 
 
Figure 2.3 Continuous graphene nanocomposites. (a) Illustration of laminates of graphene and poly-
methyl methacrylate (PMMA); figure from reference [31]. (b) Scanning electron microscopy (SEM) picture of 
graphene-polycarbonate laminates, taken from ref. [32]. 
As the preparation of continuous graphene nanocomposites may not be practical for real 
mechanical applications, most of the technological research has been devoted to the 
synthesis of nanocomposites containing small graphene sheets rather than continuous 
sheets. In this case, the generalised rule of mixtures (GRoM) is more suitable for the 
calculation of the stiffness of these discontinuous nanocomposites:
𝐸𝑐 = 𝜂𝐿𝜂𝑜𝐸𝑓𝑉𝑓 + 𝐸𝑚𝑉𝑚 Equation 2.3 
with
𝜂𝐿 = 1 −
𝑡𝑎𝑛ℎ(𝑎 𝐿 𝑡⁄ )
𝑎 𝐿 𝑡⁄
 
Equation 2.4 
and
𝑎 = √
𝐺𝑚𝑉𝑓
𝐸𝑓𝑉𝑚
≈ √
𝐸𝑚𝑉𝑓
2(1 + 𝜈𝑚)𝐸𝑓𝑉𝑚
 
Equation 2.5 
In the above equations, Gm is the shear modulus of the matrix; νm is the matrix Poisson 
ratio (usually ~0.5); L is the lateral size and t the thickness of the graphene sheets. In 
Equation 2.3, ηL and ηo are the length efficiency and orientation factors, respectively. 
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These factors serve to quantify the effect of the aspect-ratio (i.e. the L/t ratio; the higher 
the better) and spatial orientation of the graphene sheets inside the nanocomposites. It 
is important to note that the ηL factor comes from the shear-lag theory of Cox [33], which 
explains how the filler can reinforce the matrix. According to this theory, the filler must 
be a mechanical continuum, perfectly aligned and completely surrounded by and bonded 
to the matrix. It is assumed that the matrix as a whole is strained homogeneously under 
an externally applied load, but that locally the strain is perturbed by the transfer of load 
to the filler, which happens by shear forces. Hence, the local displacement of the matrix 
is the same as that of the filler. It is also assumed that the stress transfer gradient along 
the filler is proportional to the difference between the displacement in the filler and the 
matrix if the filler was absent. Consequently, the higher the shear modulus Gm of the 
matrix, the better the transfer of load to the filler and the closer the strain of the filler to 
the strain of the whole matrix. As the filler as a higher elastic modulus, then its stress 
must be much higher than the stress of the matrix, and this explains why the filler acts 
as a mechanical reinforcement. 
Both the length efficiency and orientation factors could range from 0 to 1, so we would 
expect the theoretical maximum properties of discontinuous graphene nanocomposites 
to be even lower than those of nanocomposites containing continuous graphene sheets. 
Definitely, graphene nanocomposites do not have the potential to replace traditional 
composites for mechanical applications. The real target is thus to use graphene 
nanocomposites as matrices for traditional fibres and fillers. This means that graphene 
(usually in a powder form or suspended in particular solvents) is at first mixed with 
desired polymers (such as epoxy resins, or polyamides). Subsequently, these 
nanocomposites are used to impregnate fabrics employed for the layup of composite 
laminates, or blended with short fibres to create materials that will be chopped in pellets 
suitable for the production of objects by injection moulding. 
2.1.1.2 Actual reinforcement limits of graphene nanocomposites 
There is a number of practical issues limiting the performances of these materials. In 
fact, real graphene nanocomposites cannot withstand the predictions of the GRoM when 
containing graphene volume fractions higher than only 1%, with experimental properties 
much lower than what expected. Figure 2.4 contains representative data of the Young’s 
modulus of graphene nanocomposites relative to their matrices (that is the Ec/Em ratio), 
as a function of graphene concentration. The figure contains also the prediction lines 
from the RoM, IRoM, and GRoM at different aspect-ratios (ξ) of graphene sheets.  
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Figure 2.4 Assessment of the relative stiffness of graphene nanocomposites with rigid polymer 
matrices (i.e. with Ef/Em ≈ 1.000) from different scientific reports. This figure has been adapted from ref. [19]. 
As graphene is commonly prepared with lateral dimensions of 0.1 – 1 µm, we would 
expect to find nanocomposites in the region delimited by the GRoM prediction lines 
corresponding to graphene sheets with aspect-ratios of 100 – 1000. Most of the literature 
data lay within this region only when the volume fraction of graphene is lower than 1%. 
For higher graphene contents, the data fall inside a lower reinforcement region 
corresponding to nanocomposites with graphene aspect-ratios of 10 – 100. 
This drawback applies also to the strength [34], and limits the actual performances of 
graphene nanocomposites to values of stiffness and strength that in the best-case 
scenario are generally only two or three times higher than those of pure polymer 
matrices. (However, the performances of graphene-elastomers nanocomposites appear 
greatly improved compared to those of pure elastomers, but they are still too low for 
structural applications). 
2.1.1.3 Main causes for the loss of mechanical reinforcement 
Many reasons can explain the discrepancy between theoretical predictions and actual 
performances of graphene nanocomposites: 
1. Graphene sheets agglomerate more and more as their concentration increases, 
so it becomes even more difficult to efficiently transfer stress from matrix to 
graphene [34]. Moreover, the higher the aspect-ratio of graphene, the higher the 
tendency to agglomeration is, or more difficult the dispersion of graphene is [35]; 
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2. Composite theories, like the GRoM, are based on the ideal case of a perfect 
contact between matrix and filler, thus an efficient stress transfer. Unfortunately, 
this is not always the case, as the interfacial interaction between graphene and 
hosting polymer could be rather weak. A way to increase the interfacial strength 
is to functionalise graphene so that on its surface there are particular chemical 
groups that can interact with the chemical groups of the polymer matrix (Figure 
2.5a). Functionalisation also helps to improve the dispersion of graphene during 
the preparation of nanocomposites and increase the final mechanical properties. 
However, it can impart basal defects to the crystal lattice of graphene (Figure 
2.5b), deteriorating its mechanical properties significantly. Therefore, 
functionalisation can help to improve a nanocomposite performance up to a 
certain limit. A more detailed overview of functionalisation is provided in the next 
section; 
 
Figure 2.5 Effects of graphene functionalisation. (a) Interactions through strong hydrogen 
bonds between graphene oxide and polyvinyl alcohol; the figure has been arranged from ref. [36]. 
(b) Defects on the crystal lattice of functionalised graphene; figure taken from ref. [37]. 
3. What we commonly consider as “graphene” is actually a mixture of particles with 
different thicknesses (Figure 2.6), ranging from graphene to graphite 
nanoplatelets (GNP). Typical synthesis technique produce particles with 
thicknesses following a log-normal distribution [38]. Thus, the fraction of actual 
graphene is always quite small. In addition, the aspect-ratio of these particles is 
also described by a log-normal distribution, and its average might be smaller than 
expected, as thick particles of GNP are present too. Consequently, the fraction 
of particles with low aspect-ratios provide very limited reinforcements (the factor 
ηL becomes closer to zero), skewing the overall performance. 
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Figure 2.6 Thickness and aspect-ratio distributions of typical "graphene" powders. 
There is another implication of this distribution of the particle thickness. The shear 
stress transferred between the graphene layers contained in one graphite particle 
might be not efficient, as there are weak interaction bonds among the layers. 
Consequently, the effective Young’s modulus of GNP might be smaller than that 
of pristine graphene [39]: 
𝐸𝐺𝑁𝑃
𝑒𝑓𝑓 =
𝐸𝑔𝑟𝑎𝑝ℎ𝑒𝑛𝑒
𝑛𝑙
2 − 𝑘𝑖 (
𝑛𝑙
2 − 1)
,    with    𝑛𝑙 > 2 
Equation 2.6 
where nl is the average number of graphene layers stacked inside the GNP, and 
ki is a stress transfer efficiency factor between the layers (≈ 0.7). A graphite 
nanoparticle with only seven layers has already half the elastic modulus of 
graphene! This drawback affects also multi-walled carbon nanotubes (CNT) [40]. 
However, thick GNP allow to reach higher volume fractions [39], thus they could 
be beneficial for the mechanical properties of nanocomposites, regardless their 
intrinsic lower elastic modulus; 
4. Both graphene and GNP can assume different crumpled configurations (Figure 
2.7), such as scrolls, folds, and wrinkles [41]. This problem decreases the 
stiffness of a composite, as crumpled platelets would unfold under a tensile or 
shear stress, rather than bear the load by stretching in-plane [42]; 
 
Figure 2.7 SEM pictures of different morphologies adopted by graphene and GNP inside 
nanocomposites. (a) Scrolls (left), folds (right); figures from ref. [35]. (b) Wrinkles; figure from ref. 
[43]. 
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5. Last aspect that can explain why the experimental data are lower than expected 
is the orientation of the particles inside the nanocomposites. The prediction lines 
in Figure 2.4 are for nanocomposites with aligned graphene sheets, so the 
parameter ηo of Equation 2.3 has the maximum value: 1. Unfortunately, when the 
concentration of nanofiller increases, the control over nanofiller orientation 
decreases [44], so the real value of ηo becomes smaller than 1. When a 
nanocomposite contains nanoplatelets randomly oriented in all 3D directions, ηo 
acquires the minimum value of 8/15 [44]. In this last situation, we lose one of the 
advantages of composite materials: anisotropy, which allows designing the 
required strength and stiffness only in the direction in which these properties are 
desired. Therefore, researchers are developing new techniques that have better 
control over nanofiller orientation, allowing the preparation of highly loaded 
anisotropic nanocomposites, as it has also been done in this research project 
and shown in Figure 2.8. 
 
Figure 2.8 SEM pictures of nanocomposites with same composition but different orientation 
of graphene caused by different preparation techniques: (a) 3D random orientation, and (b) in-
plane random orientation. These data are discussed in detail in the next chapters. 
It is important to note that the orientation factor depends also on the shape of 
nanofiller, not only on nanofiller orientation. From this point of view, carbon 
nanotubes might be a better choice than graphene/GNP for preparing 
nanocomposites with good mechanical properties. Indeed, in the case of CNT, 
the orientation factor has values of 1 when all CNT are aligned along one 
direction, 3/8 when CNT are in-plane randomly oriented, and 1/5 when CNT are 
3D oriented [45]. This factor must be combined with a length efficiency factor 
specific for CNT, which is Equation 2.4 with the following parameter a [45]: 
𝑎𝐶𝑁𝑇 = √
−3
2 ln 𝑉𝑓
𝐸𝑚
𝐸𝑓
≈ 2𝑎𝑔𝑟𝑎𝑝ℎ𝑒𝑛𝑒 
Equation 2.7 
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Consequently, the final effect of CNT on the elastic properties of nanocomposites 
could be even higher than that of graphene (assuming the same nanofiller 
aspect-ratio, volume fraction, and type of matrix). 
A comparison between graphene-based and CNT-based nanocomposites 
(Figure 2.9) clearly shows how CNT with small (<<1000) aspect-ratios give 
always a better mechanical reinforcement effect than graphene for any nanofiller 
orientation. The only advantage of using graphene would be a really high 
reinforcement in both cases of 2D and 3D orientation, provided it has a really high 
(>1000) aspect-ratio. Unfortunately, it is still unrealistic to prepare graphene or 
GNP with such large aspect-ratios. 
 
Figure 2.9 Mechanical reinforcement of graphene- and CNT-based nanocomposites as a function of 
nanofiller aspect-ratio and for different nanofiller orientations. The curves were simulated considering a 
nanofiller volume fraction of 5%, a nanofiller elastic modulus of 1000 GPa, and a matrix with an elastic 
modulus (Em) of 1 GPa. 
2.1.1.4 Other mechanical improvements that graphene nanocomposites could bring 
Despite all these hurdles that researchers are still trying to address, graphene 
nanocomposites could bring other mechanical benefits other than high stiffness and 
strength, such as improved yield stress and toughness [46]. These properties depend on 
the specific surface area of the nanofiller (hence on the contact area between nanofiller 
and matrix) and are a more direct indication of the interfacial interaction between 
nanofiller and polymer. 
The yield stress is closely related to the amount of energy that can elastically deform a 
material (i.e. without permanent deformation). Therefore, the yield stress of a material is 
an important engineering parameter for calculating the maximum stress that a structure 
can withstand without being permanently deformed or damaged. From this point of view, 
graphene could induce high increments of yield stress, Yc, because of its large specific 
surface area [17,47]:
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𝑌𝑐 = 𝑌𝑚
1 − 𝑉𝑓
1 + 2.5𝑉𝑓
𝑒𝐵𝑉𝑓 
Equation 2.8 
with
𝐵 = (1 + 𝐴𝑓𝜌𝑓𝑙) ln
𝑌𝑖
𝑌𝑚
 
Equation 2.9 
where Ym is the polymer matrix yield stress. B is an interaction parameter that estimates 
the interfacial strength and size of the nanofiller-matrix contact area, and it depends on 
the nanofiller specific surface area (contact area) Af, nanofiller density ρf, thickness l and 
yield stress Yi of the interphase. 
In addition to the yield stress, the amount of nanofiller-matrix contact area and the 
magnitude of the interfacial interaction are important factors for the total energy required 
to brake a material, that is, the toughness. In fact, nanocomposites made by nature are 
much more efficient than man-made composites, because the interface between 
nanoparticles and proteins (the biological equivalent of synthetic polymers) is 
maximised. From this perspective, nacre is considered as a reference structure for 
composite materials because it is made of calcium carbonate (the same material of 
chalk, which is well known to be brittle, Figure 2.10) finely divided in nano-grains kept 
together by proteins in platelet-like “bricks”. It is exactly because of this “brick-and-
mortar” microstructure that nacre shows a very high toughness [48,49]. 
 
Figure 2.10 Chalk and nacre: two materials similar in composition (mainly calcium carbonate), but with 
very different microstructures, and thus toughness. Figure adapted from ref. [49]. 
In light of this, researchers have tried to prepare graphene nanocomposites with a 
microstructure similar to that of nacre [50] and with a content of “mortar” much lower than 
that of “bricks” (Figure 2.11). These nanocomposites exhibit a toughness even higher 
than that of nacre [51–55]. However, their stiffness is not much improved compared to 
the stiffness of their polymer matrices. Moreover, they are usually in forms of thin films 
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or fibres, as they are not easy to be prepared in amounts large enough for massive and 
thick materials. 
 
Figure 2.11 Nacre-inspired nanocomposites: (a) reduced graphene oxide – 10,12-pentacosadiyn-1-ol 
(PCDO) nanocomposites (pictures from ref. [53]); and (b) 80 vol.% graphene oxide – polyvinyl-alcohol (PVA) 
nanocomposites (figures from ref. [51]). 
In conclusion, the beneficial effects of graphene and GNP on the yield stress and 
toughness of nanocomposites are fundamental when these materials are combined with 
traditional fibres, and in those situations where the matrix behaviour is dominant over the 
fibres behaviour. From this point of view, graphene-based nanocomposites can be 
promising matrices for classical fillers, as they prevent fibres from buckling when they 
are under compression, because of the nanocomposite enhanced yield stress (and 
elastic modulus). Nanocomposites can also reduce the propagation of inter-fibres cracks 
thanks to bridging effects of graphene/GNP, which results in composites with increased 
interlaminar fracture toughness [46,56]. 
Graphene-based nanocomposites could bring other mechanical advantages, such as 
improved impact and puncture resistance, but these aspects are not well understood. 
Surely, the dispersion level of graphene plays an important role for the effectiveness of 
these properties. Therefore, until an efficient dispersion method is not found, graphene-
based nanocomposites cannot meet these promises. 
There are other physical properties and functions that graphene can impart besides 
mechanical properties, as illustrated below. 
2.1.2 Gas-barrier effect 
A useful consequence of adding graphene/GNP to polymers is the dramatic decrease of 
the permeability to gases because of the formation of a tortuous path for the diffusing 
gas molecules (Figure 2.12a,b) [57]. This tortuous path results to be longer and longer 
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as the graphene sheets have higher aspect-ratios and better dispersions (Figure 2.12c) 
[22,58]. The permeability, Pc, of nanocomposites can be predicted using different models 
(ref. [59] contains a comprehensive list of permeability models), like the modified-Nielsen 
model (Figure 2.12a) [60]:
𝑃𝑐 = 𝑃𝑚
1 − 𝑉𝑓
1 + (1 6⁄ )𝜉𝑉𝑓
 
Equation 2.10 
or the Cussler model (Figure 2.12b) [61]:
𝑃𝑐 = 𝑃𝑚 (1 +
𝜉2𝑉𝑓
2
1 − 𝑉𝑓
)
−1
 
Equation 2.11 
In both equations, Pm is the permeability of the neat polymer matrix, and ξ is the nanofiller 
aspect-ratio. The nanocomposite permeability reduces already at extremely low 
concentrations of nanofiller, provided the nanofiller is well aligned and its aspect-ratio is 
high enough. However, it was found that at very low loadings of graphene (below 0.05 
vol.%), the decrease in gas permeability is largely caused by a reduction in gas solubility 
in the nanocomposite, rather than a barrier effect [43]. 
 
Figure 2.12 Gas-barrier effect in graphene-based nanocomposites. (a - b) Representations of the 
tortuous path for gas molecules as described by the modified-Nielsen and Cussler models, respectively; 
images from ref. [43]. (c) Relative permeability at 35°C to nitrogen molecules (gas that forms 78% the 
atmosphere of Earth) of thermoplastic polyurethane (TPU) nanocomposites with different graphene aspect-
ratios (represented as Af) and types of graphene (GO = graphene oxide; TRG = thermally-reduced GO; Ph-
iGO = phenyl isocyanate-treated GO; AcPh-iGO = acetyl phenyl isocyanate-treated GO), together with 
prediction lines of Equation 2.11; figure from ref. [58]. 
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2.1.3 Thermal management 
Another advantage of introducing graphene in traditional composites is to enhance the 
thermal conductivity. Consequently, composites can dissipate heat more easily. This is 
fundamental for several applications. For example, bicycle calliper brakes work by 
transforming kinetic energy into heat when applying friction forces on the surfaces of the 
rims. Therefore, rims heat up very quickly during braking, and if they are made of carbon 
composites, they can reach a certain temperature (the “glass temperature” of the epoxy 
resin) and degrade irredeemably (Figure 2.13a). If this happens, it might not be possible 
to brake properly anymore, or not brake enough at all, causing dangerous accidents. 
 
Figure 2.13 Thermal behaviour of epoxy-based composites. (a) Carbon rim thermally degraded after 
serious braking; picture taken from ref. [62]. (b) Thermal conductivity of epoxy-based composites at 30 °C 
(GNP-800 = GNP exfoliated at 800 °C; GNP-200 = GNP exfoliated at 200 °C; SWNTs = single-walled carbon 
nanotubes; GMP =  graphitic micro-particles; CB = carbon black); figure from ref. [63]. 
The scientific literature reports several improvements in the thermal conductivity of 
polymers containing graphene [64], with values ranging between 3 and 6 W m-1 K-1 for 
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graphene-epoxy nanocomposites, as compared with ~0.2 W m-1 K-1 for neat epoxy [42]. 
As shown in Figure 2.13b, the thermal conductivity reached by nanocomposites with 25 
vol.% of well exfoliated graphene (that is supposed to have high aspect-ratios) surpasses 
the performances of composites with ~70 vol.% of conventional fillers [63]. CNT possess 
similar thermal conductivities of graphene, but the 2D geometry of graphene may provide 
lower interfacial thermal resistance, thus producing higher thermal conductivities in the 
nanocomposites [42]. Moreover, since the thermal conduction in polymers is mainly 
caused by the mobility of phonons, strong covalent bonds between graphene and 
polymers can reduce the phonon scattering at the interfaces, hence promoting high 
thermal conductivities even further [65]. 
Besides enhanced thermal conductivities, graphene nanocomposites show improved 
degradation temperatures (even dozens of degrees higher than neat polymers), as the 
kinetics of thermal decomposition is reduced by the presence of graphene [22]. One of 
the mechanisms is the interaction between polymers and graphene, “which would 
decrease the mobility of the polymer chains near the interface and increase the thermal 
stability of the nanocomposites” [64]. This thermal degradation resistance is often 
companied by altered glass temperatures (Tg). Only little amounts of graphene in epoxy 
resins are enough to change both the Tg and the degradation temperature of several 
Celsius degrees [56,66]. 
The enhanced thermal properties of graphene nanocomposites include also their thermal 
expansion behaviour. Graphene-epoxy nanocomposites show a reduced coefficient of 
thermal expansion below their glass temperature as compared to their neat epoxy resin 
matrices. This can be explained by the negative thermal expansion coefficient of 
graphene [22,42]. Composites with small coefficients of thermal expansion may be 
important for maintaining the dimensional stability of structural components when they 
are subjected to high temperatures and also in reducing thermal shrinkage upon cooling 
in moulded parts. 
Lastly, graphene can improve not only the thermal properties of its nanocomposites, but 
also help their preparation. Because of its good thermal conductivity, graphene can aid 
curing of thick composite parts (Figure 2.14) by reducing those overheat phenomena 
that induce thermal stresses in the final composites, negatively affecting their 
performances [67]. As a consequence, composite parts could be produced more 
successfully and quickly, as there is no need to wait for overheat dispersion during 
production. 
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Figure 2.14 Schematic representation of the use of differently G and GO layers to promote heat control 
during thick composite curing. Figure and caption from ref. [67]. 
2.1.4 Electrical conductivity 
Another property that can be enhanced in graphene nanocomposites is electrical 
conduction. The conductivity of these nanocomposites is based on electrical percolation, 
which brings different advantages over traditional conductive materials. Thanks to this 
percolation characteristic, it is not only possible to conduct electricity, but also to detect 
the deformation of the material itself under an external load, or to monitor the curing 
process of composite materials [20]. 
When a conductive nanofiller is mixed with an insulating material, the overall electrical 
conductivity of the resulting nanocomposite can dramatically change, depending on the 
amount of nanofiller added. We can identify three different situations based on the 
nanofiller volume fraction (Figure 2.15a): 1) the nanofiller concentration is so small that 
each nanoparticle is well-isolated from each other, thus the nanocomposite is overall 
electrically non-conductive; 2) above a critical volume fraction (Vc), the inter-particle 
distance becomes small enough for electrons to “jump” from one nanoparticle to another, 
creating conductive percolation paths throughout the nanocomposite and a huge 
electrical conductivity enhancement over several orders of magnitude; 3) for high 
nanofiller volume fractions, we observe much smaller increments, as the nanocomposite 
conductivity (σc) approaches that of nanofiller (σf). 
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Figure 2.15 Electrical percolation in nanocomposites and its applications. (a) Schematic 
representation of the percolation behaviour of in polymer/conductive filler composites; picture from ref. [68]. 
(b) Sketch of electron tunnelling between two graphene platelets placed at a distance dt from each other, 
which is the dominant mechanism in the electric behaviour of conductive nanocomposites. (c) Electrical 
percolation thresholds of graphene-polymer nanocomposites according to processing strategy; figure from 
ref. [69]. 
This electrical behaviour near and above the percolation threshold is commonly 
described by the percolation theory: 
𝜎𝑐 = 𝜎𝑓 (
𝑉𝑓 − 𝑉𝑐
1 − 𝑉𝑐
)
𝑠
 
Equation 2.12 
where s is a conductivity exponent that depends on the dimensionality of the conductive 
network inside the nanocomposite (usually, values <2 are found for 2D networks, and 
values >2 for 3D networks). The percolation threshold, Vc, depends on the type of 
nanofiller employed, and its orientation inside the nanocomposite. For the case of 
nanocomposites containing well-aligned (2D randomly oriented) graphene sheets, the 
percolation threshold can be theoretically expected as follow [70]: 
𝑉𝑐,2𝐷 = 2𝜋
𝜉2𝑡3
(𝜉𝑡 + 𝑑𝑡)3
 
Equation 2.13 
where t is the mean thickness of the GNP, and dt is the maximum “tunnelling distance” 
(usually ~10 nm for polymers), that is the maximum inter-particle distance that allows 
electrons to jump from one graphene sheet to another one (Figure 2.15b). If a 
nanocomposite contains 3D randomly oriented graphene sheets, the minimum amount 
of graphene needed for transforming the material from insulator to conductor results to 
be about three times higher than the previous case [70]: 
47 
 
𝑉𝑐,3𝐷 =
27𝜋
4
𝜉2𝑡3
(𝜉𝑡 + 𝑑𝑡)3
 
Equation 2.14 
From Equation 2.13 and Equation 2.14, it is clear that the percolation threshold depends 
both on aspect-ratio (ξ) and thickness of graphene. This is the reason why the percolation 
thresholds found for graphene nanocomposites are generally much lower than those of 
traditional composites containing carbon fibres or carbon black, as these common fillers 
have a high thickness (carbon fibres possess high aspect-ratios, but are few micrometres 
thick). 
Additionally, the electrical conductivity of graphene nanocomposites does not seem to 
suffer the problems affecting the mechanical properties. On the contrary, the big issue 
of graphene agglomeration that dramatically reduces the mechanical performances is 
actually beneficial for the electrical conductivity, as it can decrease the percolation 
threshold [71,72]. 
Small percolation thresholds are a big advantage, as less conductive filler is needed to 
make a polymer conductive. For the case of graphene nanocomposites, the percolation 
threshold is usually below 2 vol.%, and is influenced not only by the quality of graphene, 
but also by the technique used to prepare the nanocomposites (Figure 2.15c). 
Depending on the level of conductivity reached, graphene nanocomposites can be used 
for electrostatic dissipation (when σ <10-4 S/m), electrostatic painting (10-4< σ <10 S/m), 
or electromagnetic (EMI) shielding (σ >10 S/m). In addition, the conductivity of graphene 
nanocomposites can be useful also for strain-sensing purposes. 
The advantage of strain sensors based on polymers containing graphene is that these 
materials can be much more sensitive than traditional strain gauges made of metal. Both 
types of sensors transmit the variation in their electrical resistance (ΔR) caused by an 
external force that has deformed them of a certain strain (ε). The resistance variation of 
metal strain gauges is caused only by dimensional changes (ε), as their electrical 
conductivity (σ) remains unaffected. On the contrary, graphene nanocomposites modify 
also their conductivity with the strain. This is because, during deformation, the distance 
between graphene sheets increases more and more, so the tunnelling resistance 
intensifies (Rt, Figure 2.15b), acquiring even more relevance on the overall 
nanocomposite conductivity. In general, the relative resistance variation of a strain gauge 
(at low strain) can be represented as follow [73]:
Δ𝑅
𝑅0
= (1 + 2𝜈)𝜀 +
Δ𝜎(𝜀)
𝜎0
 
Equation 2.15 
48 
 
where R0 and σ0 are the resistance and conductivity of the material without any 
deformation, and ν is the Poisson’s ratio. The first term of Equation 2.15 accounts for the 
resistance variation due to dimensional changes only, whereas the second term for the 
strain-dependent conductivity (which is negligible for metal strain gauges). The 
sensitivity of a strain sensor is commonly valuated by the “gauge factor”, which describes 
how the relative resistance variation depends on strain: 
GF =
𝑑(Δ𝑅 𝑅0⁄ )
𝑑𝜀
=
1
𝑅0
𝑑𝑅
𝑑𝜀
 
Equation 2.16 
This means that, for metal-based strain sensors at low strain, GF is equal to about two. 
Differently, graphene nanocomposites possess GF up to 50 [73], thus they are much 
more effective to detect strain than traditional gauges. Potentially, graphene 
nanocomposites can show even higher GF if their content of graphene is around the 
percolation threshold (region 2 in Figure 2.15a): the effect of a deformation is similar to 
decreasing the concentration of graphene because the inter-particle distance increases. 
Therefore, as in this percolation region the conductivity changes several orders of 
magnitude, the GF could result as high as 1000, or even more. 
It is now clear how graphene nanocomposites can be used both to create structural 
components and, at the same time, to sense their deformation or monitor their integrity, 
alerting the presence of eventual damages. Besides structural materials, graphene 
nanocomposites can also monitor the body motion of people. Wearable and stretchable 
sensors based on graphene nanocomposites are promising allies for athletes, as they 
could monitor heartbeat, blood pressure, and other vital functions. Traditional 
silicon/metal-based electronics, instead, are not suitable for sensing devices able to 
deform, stretch, fold or twist in response of the body motion of athletes, so they can 
hardly be mounted directly to the skin or integrated inside the sporting cloths. 
From this perspective, the scientific literature has already reported stretchable, easy-to-
prepare, and highly sensitive graphene-based strain-sensors. For example, the group of 
Prof. Coleman, Trinity College Dublin, has demonstrated a strain sensor with a GF of 35 
based on commercial elastic bands infiltrated with graphene (Figure 2.16a) that is able 
to detect huge strains >800%, and suitable for kinaesthetic purposes, detecting motions 
as subtle as those associated with breathing and pulse [73].  
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Figure 2.16 Sensing abilities of graphene nanocomposites. (a) Elastic bends swelled in toluene and 
then soaked inside a graphene suspension in order to obtain an elastic strain-sensor band, able to monitor 
breathing and pulsing; pictures from ref. [73]. (b) Photograph of hand-rolled spheres of neat Silly Putty and 
graphene filled putty, also called G-putty (I); resistance waveforms measured while using G-putty to sense 
breathing (II), and pulse (III, the inset shows a single period with the characteristic dichroitic notch); relative 
resistance variation associated with a spider walking across a thin circular sheet of G-putty (IV, the inset 
shows individual footsteps). All pictures of part (b) are from ref. [74]. 
The same group has also infused graphene to “silly putty”, a silicon-based rubber (Figure 
2.16b-I), obtaining a strain sensor with a GF >500 that can measure breathing (Figure 
2.16b-II), pulse (Figure 2.16b-III), blood pressure, and so sensitive than can even detect 
the footsteps of a walking spider (Figure 2.16b-IV) [74]. 
Lastly, it has been shown that graphene can be a good coating material for glass fibres 
(Figure 2.17a), so they can become strain sensors with GF ~17, able to detect the 
deformation of the host composite(Figure 2.17b), and also to provide local resin curing 
information during the composite manufacturing process (Figure 2.17c) [20]. This 
approach is a valuable alternative to graphene nanocomposites, as graphene-fibres 
sensors do not necessarily make the hosting composite overall electrically conductive 
(thus avoiding the problem of galvanic corrosion of metal parts in contact with the 
composite), but still providing sensing functionalities to the final products. 
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Figure 2.17 Sensing abilities of smart fibres based on graphene. (a) SEM images of a neat glass fibre 
(I), of a glass fibre coated with graphene (II), and of the graphene packing structure on top of the graphene-
coated fibre (III). (b) Strain sensing of a composite containing two graphene-glass fibre sensors: photo image 
of the bended composite (I); schematics of the composite containing fibre sensor Sa (blue) above, and sensor 
Sb (red) below the neutral surface (II); resistance response of the fibres sensors when the composite is 
subjected to repeating bending deformation. (c - I) Two-stage curing process of the composite (stage 1: 
temperature ramping from 25 to 143 °C; stage 2: isothermal at 143 °C for 2 h) monitored by the resistance 
change of the embedded graphene-glass fibre sensor, as compared with a composite containing only a 
carbon fibre. The resistance change of the embedded graphene-fibre sensor is not only due to a temperature 
effect, but also to the physical/chemical changes of the resin matrix, as proved with the next graph. (c - II) 
Comparison of the temperature-dependent electrical resistance for the standalone graphene-glass fibre 
sensors and the one embedded in the fully cured epoxy/glass fibre composite: in all cases, the sensors show 
a negative temperature coefficient of resistance. However, the embedded graphene-fibre sensor during the 
stage 1 curing process (in graph c-I) had a positive temperature coefficient of resistance that must have 
been caused by the progressive changes of viscosity and cross-link density of the epoxy resin during the 
curing process. All images are from ref. [20]. 
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2.2 Production techniques 
This section introduces the main routes to produce and characterise graphene and its 
nanocomposites. Most of the techniques developed so far is suitable only for lab-scale 
productions, and only few can produce materials on a scale large enough for the 
preparation of real products. 
2.2.1 Synthesis of graphene 
The synthesis methods for the production of graphene can be divided in two categories: 
“top-down” and “bottom-up” approaches. The first type of techniques starts with a bulk 
material (usually graphite) that is gradually reduced in size down to the nanoscale, until 
graphene is obtained. The second type employs carbon atoms (obtained from specific 
precursors, like hydrocarbon gases or solid carbides) to build up graphene from scratch. 
2.2.1.1 Top-down approaches. 
These methods can potentially satisfy large-scale production of graphene. The most 
important, or promising, techniques are the following: 
1. Micromechanical cleavage. This approach is also known as the “scotch tape” 
method, because the group of Prof. Geim at Manchester University used it in 
2004 to exfoliate graphene for the first time [15]. It consists in repeated peeling 
of highly oriented pyrolytic graphite particles using a scotch tape (Figure 2.18a). 
The graphene sheets obtained in this way are of extremely high quality in terms 
of crystallinity (absence of defects), lateral size (>10 µm), and thickness (<10 
nm), thus with aspect-ratios >>1000. Unfortunately, this method is slow and can 
produce only small amounts of graphene (low yield). Consequently, several 
studies have focused on scaling-up this system (see example in Figure 2.18b) 
[75,76]. 
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Figure 2.18 Micromechanical cleavage of graphene. (a) Scotch-tape method; image from ref. 
[75]. (b) Continuous production of graphene by mechanical cleavage with a three-roll-mill; figure 
from ref. [76]. 
2. Exfoliation of graphite intercalation compounds (GICs) and graphite oxide. GICs 
are compounds of graphite with atoms or molecules (such as alkali metals or 
mineral acids) intercalated between the graphene layers (Figure 2.19). These 
compounds can be exfoliated more easily than pure graphite. This can be done 
by rapid heating or by a microwave treatment, obtaining expanded graphite (EG), 
which is made of thick graphite nanoparticles, generally with specific surface 
areas <40 m2/g. EG can be further exfoliated by other techniques, such as 
sonication in liquid media, to produce GNP <5 nm thick. A similar approach 
employs graphite oxide, which is obtained when graphite is treated with strong 
mineral acids and oxidizing agents (Hummers method and its modifications). 
Then, solvent-based exfoliation, or thermal exfoliation, is finally used to produce 
individual sheets of graphene oxide (GO), which can be chemically or thermally 
reduced to restore the basal structure of pristine graphene. Many graphene 
suppliers base their productions on this type of approach. 
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Figure 2.19 Exfoliation of GICs compounds. Illustration of the process for obtaining 
intercalated graphite, expanded graphite, and graphite nanoplatelets, together with SEM pictures 
of each product; figure from ref. [77]. 
3. Liquid exfoliation. These approaches exfoliate graphene sheets from a graphite 
(or graphite oxide of GICs) powder dispersed in appropriate solvents that 
guarantee stable graphene solutions, avoiding agglomeration, besides facilitating 
the energy required to exfoliate. They can employ cavitation energy from a strong 
sonication treatment (Figure 2.20a) to break down the graphite particles [78]; or 
shear forces (Figure 2.20b) generated by shear mixers in the liquid media to peel 
off or slide away the graphene sheets from the graphite particles [79]. This last 
method has been proved to be efficient even when kitchen blenders are used, 
and can easily produce large amounts of graphene with industrial shear mixers 
[79]. 
 
Figure 2.20 Liquid-phase exfoliation of graphene. (a) Representation of the effects of 
cavitation bubbles on graphite nanoparticles, leading to the exfoliation of graphene; image from ref. 
[80]. (b) Drawing of a shear mixer, which allows liquid-phase shear exfoliation; image from ref. [81]. 
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4. Electrochemical exfoliation. This approach involves the electrochemical oxidation 
(or reduction) of a graphite host due to an applied voltage, leading to intercalation 
of ions from an electrolyte (which may be aqueous, organic or an ionic liquid) 
followed by exfoliation (Figure 2.21) [82,83]. The production rate of this method 
can be really high, and the graphene sheets of good quality. 
 
Figure 2.21 Electrochemical exfoliation of graphene. Diagram of an experimental set-up for 
the exfoliation of a graphite electrode, image from ref. [84]. 
2.2.1.2 Bottom-up approaches. 
The techniques in this category can prepare wide-area (>100 cm2) graphene sheets, but 
do not seem to produce high amounts and cheap enough for the purposes of polymer 
nanocomposites. The graphene sheets obtained with such approaches are mainly used 
in electronic applications. In general, we can divide the bottom-up methods in two 
approaches: 
1. Chemical vapour deposition (CVD, see Figure 2.22a): graphene is synthesised 
by thermally degrading (thermal CVD) an organic precursor in vapour state over 
a heated metallic substrate (usually nickel or copper), or by the action of a plasma 
in the reaction chamber (plasma enhanced CVD) [22,85]. Plasma-based process 
are promising techniques able to scale up the production of graphene [86]. 
2. Epitaxial growth: graphene forms after the surface thermal degradation of a 
ceramic substrate, such as silicon carbide (Figure 2.22b) [22]. 
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Figure 2.22 Bottom-up techniques for the preparation of graphene. (a) Chemical vapour deposition: 
schematic diagram of a typical CVD setup (I, image from ref. [87]); simple representation of the steps 
involved in the formation of graphene (II, image from ref. [85]); another representation of the growth of a 
graphene sheet with the coalescence of single domains (III, image from ref. [88]). (b) Epitaxial growth of 
graphene by thermal decomposition of SiC; figure from ref. [89]. 
2.2.2 Graphene characterisation 
It is worth noting that what is commonly called “graphene” comprises both pristine 
graphene and GNP in a powder state or suspended inside an appropriate liquid solvent. 
The quality of this “particle collection” is crucial for the final performances of any 
composite and device. But how can we evaluate the quality of a produced graphene? 
Graphene products are often characterised with methods that are inappropriate for the 
measurement of platelet-like particles. For example, an important parameter is the 
average lateral size of the graphene platelets. Unfortunately, methods such as D10, D50, 
D90 are based on laser diffraction or dynamic light scattering [90] that are relatively 
straight-forward only for spherical particles. A realistic estimation of the lateral size 
distribution of the graphene particles can be done only by time-consuming techniques, 
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for instance scanning electron microscopy (SEM), transmission electron microscopy 
(TEM), and atomic force microscopy (AFM). Yet, some concerns rise from the number 
of particles analysed (the reported lateral size is statistically representative of the overall 
product only if hundreds of particles have been measured) and the method used to 
prepare the samples for such analysis (for example, the common method of spin-coating 
a solution of graphene could get rid of the biggest particles that make up most of the 
particle collection, while a spray deposition can keep all the particles, and 
homogeneously distribute them on top of the substrate). 
Another important characteristic of a produced graphene particle collection is the 
statistical distribution of the particle thickness. The only ways to get such a distribution 
is by AFM and TEM. However, good quality graphene collections in terms of thickness 
are commonly claimed by showing the X-ray diffraction (XRD) spectra, highlighting the 
small (002) peak around 26° 2θ, or even its absence. This peak is caused by the 
diffraction of the X-rays through the stacking of the graphene layers in a graphite particle. 
The higher the number of stacked graphene sheets, the stronger, more intense, and 
narrower the diffraction peak. This characterisation method can indeed prove the 
exfoliated state of the particle collection and give an estimation of the average particle 
thickness. Yet, XRD cannot provide any information about the wideness of the thickness 
distribution. Therefore, an analysed particle collection could still contain few thick and 
poor-performing graphite particles that are not “seen” by the XRD [17]. Nonetheless, if 
only a rough idea of the mean particle thickness is needed, then a quicker way is to look 
at the BET specific surface area (S) of the particle collection, which is a value reported 
quite often. The mean thickness can be approximately calculated as follow: 𝑡 = 2 (𝑑 ∙ 𝑆)⁄ , 
where d is the density of graphite (2.2 g/cm3). Thus, graphene powders with a BET >100 
m2/g contain reasonably thin (<10 nm) GNP. 
Another important aspect that defines the quality of a particle collection is the presence 
of defects on the graphene basal plane (also called topological defects). Such defects 
can be caused, for instance, by the synthesis method that damage the as-produced 
graphene sheets, or by the functionalisation process. A way to detect these defects is by 
X-ray photoelectron spectroscopy (XPS), as it quantitatively measures the elemental 
composition of graphene-like products. XPS is particularly useful, for example, to find the 
ratio between carbon and oxygen atoms in graphene oxide. The lower the C/O ratio, the 
higher the functionalisation (oxidation) and the better the interaction with some polymers 
like epoxy resins (thus the better the dispersions and nanocomposite performances) [91], 
but also the higher the number of defects, so the lower the intrinsic mechanical and 
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electrical properties of graphene oxide [92,93]. Another way to characterise the defects 
is by Raman spectroscopy. Raman spectra of graphene can show three peaks (Figure 
2.23a and d): the G-peak at ~1580 cm-1 Raman shifts, the 2D-peak at ~2700 cm-1, and 
a small D-peak at ~1350 cm-1. The intensity of the latter peak is directly related to the 
presence of both edge and basal defects, and a way to assess the overall amount of 
these defects is to calculate the ratio between the intensities of the D-peak and G-peak: 
ID/IG, the closer to zero, the better. In case of graphene sheets without basal defects, it 
has been shown the ID/IG ratio can be inversely proportional to the mean length (L) and 
width (W) of the particles: 𝐼𝐷 𝐼𝐺⁄ ∝ (𝐿
−1 +𝑊−1), as the total number of edge defects 
increases when the lateral sizes decrease [94]. Raman spectra (especially the 2D-peak) 
can also give information about the thickness of the graphene sheets (Figure 2.23b and 
c) [78,95], but to be representative of the mean graphene thickness of a particle 
collection, hundreds of graphene platelets should be analysed. 
 
Figure 2.23 Raman spectra of graphite, graphene and few-layer graphene. (a) Comparison of Raman 
spectra at 514 nm for graphite and single layer graphene. (b and c) Evolution in 2D band as a function of 
graphene layers at 514 and 633 nm excitations. (d) Comparison of the D band at the edge of bulk graphite 
and single layer graphene. The fit of the D1 and D2 components of the D band of bulk graphite is shown. (e) 
The four components of the 2D band in 2-layer graphene at 514 and 633 nm. Figure and caption from ref. 
[95]. 
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2.2.3 Graphene functionalisation  
To improve the dispersion of graphene and increase its interactions with polymers, 
graphene can be functionalised, i.e. modified with some chemical groups. Many scientific 
reviews [64,96–100] describe in detail these chemical modifications that we can divide 
in three different types (Figure 2.24): 
1. Covalent functionalisation. The chemical groups are strongly bonded to 
graphene, and can provide strong interactions with hosting polymers, thus 
increasing the mechanical and thermal performances of the final 
nanocomposites. This type of functionalisation is particularly useful if only the 
edges of graphene are modified [101]. Functionalisation of the basal plane of 
graphene, such the case of graphene oxide, can introduce too many defects that 
decrease the mechanical properties and deteriorate the electrical conductivity. 
 
Figure 2.24 Types of graphene functionalisation. Figure from ref. [102]. 
2. Non-covalent functionalisation by π-π interactions. Aromatic molecules and other 
compounds (including some types of matrix polymers) can interact with the π 
orbitals of graphene. These interactions are similar to the bonds between the 
graphene layers in graphite particles. They are generally weaker than covalent 
functionalisation, but at least can preserve the integrity of graphene basal plane. 
Liquid suspensions containing this type of functionalised graphene can give good 
performing nanocomposites, after a solution mixing process with a desired 
polymer followed by solvent evaporation. 
3. Adsorption. Some molecules (small molecules, like monomers, or long polymer 
chains) can adsorb on top of the surface of graphene through weak electrostatic 
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interactions. This approach is useful to prevent the agglomeration of graphene 
sheets after being exfoliated in liquid media. As in the previous approach, this 
method can help the preparation of nanocomposites by solution mixing. 
2.2.4 Preparation of graphene-based nanocomposites 
The preparation of nanocomposites can be grouped in two main categories depending 
on whether solvents are used or not. In solution-based processes, polymers and 
nanofillers are initially dispersed in a solvent, so the interactions between polymeric 
chains and between platelets are minimised, and nanocomposites start building up upon 
solvent removal. In melt-blending techniques, polymers and nanofillers are two distinct, 
separated phases that are gradually mixed down to the nanoscale. Lastly, there is a new 
category that includes processes that differ from solution-mixing and melt-blending 
techniques, like foam infiltration. 
2.2.4.1 Solution-based techniques. 
This type of techniques is useful to obtain highly loaded nanocomposites with good 
anisotropic microstructures. The most common nanocomposites produced by these 
methods are those with epoxy matrices, or with polymers that are soluble in solvents 
and/or cannot be processed in melt otherwise can thermally degrade. Unfortunately, the 
production rates of bottom-up techniques are still quite low (mainly limited by solvent 
evaporation kinetics), and the amount of nanocomposite obtained is generally so little 
that these approaches make sense only for thin films/membranes or coating materials, 
rather than for massive production of structural composites. 
Solution-based techniques are based on two different approaches: 
1. Solution processing (solution mixing/casting). A solution of graphene and one of 
polymer are mixed together using several strategies like stirring, tip sonication, 
bath sonication, mechanical mixing, and shear mixing; and then left the solvent 
to evaporate or filtrate (Figure 2.25a). During the removal of the solvent, 
graphene and polymer deposit on the bottom of the solution container (or on top 
of the filter), building up the final nanocomposite that contains highly aligned 
graphene sheets. In some cases, the starting solution contains graphene and 
monomers that, after solvent evaporation, polymerise. Graphene-epoxy 
nanocomposites are usually prepared in this way [66]. Before the cross-linking 
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step, the graphene-epoxy mixture can be used for coating or to impregnate 
fabrics of carbon/glass fibres. 
A particular solution processing method consists in solution spinning (Figure 
2.25b), which allows to obtain graphene-based nanocomposite in fibres rather 
than in films [103]. The nanocomposite fibres can be prepared in several ways: 
by ejecting the starting solution through a nozzle, then coagulating the forming 
filament in a particular bath, and collecting it with a spinning drum; or by applying 
an electrical potential between the nozzle and a collecting plate (also called 
“electrospinning”); or by rotating the nozzle at high speeds (“force-spinning”). In 
all cases, the forces that pull the forming filaments allow to align the graphene 
sheets along the fibre axis. These fibres may be interesting not only as 
mechanical reinforcements, but also for sensing applications once embedded in 
traditional composites or in garments. 
 
Figure 2.25 Solution processing techniques for the preparation of graphene-based 
nanocomposites. (a) Solution mixing of polymer (or monomers), with graphene (or functionalised 
graphene), followed by solution casting; image from ref [104]. (b) Illustration of a “wet-spinning” 
process, together with a representation of the steps involved in the formation of fibres containing 
aligned graphene sheets; figure from ref. [103]. (c) Illustration of in-situ polymerisation with 
monomers exfoliating thick particles (image from ref. [105]), and an example of in-situ polymerised 
polypropylene-graphene oxide nanocomposite (figure from ref. [106]). 
Solution processing techniques may suffer from graphene agglomeration at 
volume fractions >1 vol.% [34]. However, some methods can avoid this problem. 
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One of them involves the precipitation of the graphene/polymer suspension using 
a non-solvent for the polymer, causing the polymer chains to encapsulate 
graphene upon precipitation. In this way, graphene results well disperse in the 
final nanocomposite, without any chance of agglomeration during the process. 
In other situations, liquid monomers (or a solution of monomers) are mixed with 
functionalised graphene (or graphite nanoplatelets intercalated by monomers). 
The polymerisation process starts directly inside the solution and may lead to the 
exfoliation of GNP. Also this approach, called “in-situ polymerisation” (Figure 
2.25c) [107], has the advantage of avoiding graphene agglomeration, as the 
graphene sheets are chemically bonded to the growing polymer chains. The 
resulting nanocomposites have potentially perfect graphene dispersions, though 
the graphene sheets are more likely to be 3D randomly oriented. 
2. Layer-by-Layer (LbL). These methods are based on the alternated deposition of 
one-molecule-thick layer of polymer and one of graphene step-by-step on a 
substrate (Figure 2.26a). The substrate is typically repetitively immersed in a 
polymer solution, washed to get rid of excess material depositions, immersed in 
a graphene solution, and washed again [108]. The solutions of polymer and 
graphene are usually oppositely charged, so that the new depositing material is 
electrostatically attracted to the previously deposited layer, while electrostatic 
repulsion provides self-limitation of the absorption of the same material in each 
layer [109–111]. This type of LbL is called “dip-coating” because the substrate is 
immersed inside the polymer and graphene solutions, but there are other types 
of LbL, for example spin-coating, and spray-coating. All LbL methods can 
potentially give highly loaded nanocomposites with minor agglomerations 
problems, maintaining the graphene sheets always well aligned along the 
substrate. However, LbL methods are generally time consuming. The method 
that can potentially be scaled up more easily and increase the nanocomposites 
production rate is the spray-assisted LbL [112]. This method can also employ just 
one solution containing both polymer and graphene (Figure 2.26b), joining the 
advantages of LbL (high loadings without agglomerations) and solution 
mixing/casting approaches (higher amounts of nanocomposites in a faster time). 
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Figure 2.26 LbL techniques for the preparation of graphene-based nanocomposites. (a) 
Illustration of the Layer-by-Layer assembly, together with a SEM picture of the cross-section of a 
layered polyvinyl alcohol-graphene oxide nanocomposite; figure from ref. [108]. (b) Spray 
deposition of graphene-epoxy solutions for coating applications; figure from ref. [113]. 
2.2.4.2 Melt-based techniques. 
Generally, these methods do not involve any solvent during processing and allow fast 
production rates. Therefore, they are ideal for relatively cheap, industrial preparation of 
graphene nanocomposites. However, they are not as efficient as solution-mixing 
techniques in obtaining well aligned microstructures, and highly loaded materials. 
Melt-based techniques belong to three main categories: 
1. Melt blending/compression moulding. This type of approaches is suitable for the 
production of thermoplastic polymer nanocomposites. They involve the melting 
of a polymer and the blending with a graphene powder by using a twin-screw 
extruder (Figure 2.27a). After these steps, the resulting nanocomposite is cut in 
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pellets and injection moulded or compression moulded to obtain the final objects. 
As the industry widely employs these techniques for the production of 
thermoplastic goods, the final price of nanocomposites produced in this way 
should be low. Unluckily, it is tricky to compound graphene with polymers, 
because the graphene powders usually have bulk densities <0.05 g/cm3. This 
means that they are extremely airborne, thus also dangerous for the health of 
people working with the compounding process. A way to make graphene 
powders less dusty and easier to be introduced inside the extruders is to 
compress them so that they increase their bulk density [114], or to pre-disperse 
them in a liquid. 
 
Figure 2.27 Melt-blending techniques for the preparation of graphene-based nanocomposite. 
(a) Melt-blending of polymers with graphene powders; image from ref. [115]. (b) Multilayer 
coextrusion: sketch of the multilayer formation (I, from ref. [116]), and cross-sections of layered 
graphene-thermoplastics nanocomposites (II, from ref. [117]). 
Nanocomposites prepared by melt-blending are generally less performing than 
those produced by solution-mixing. There are many reasons causing this issue: 
solution-mixing involves already well dispersed graphene suspensions, while 
melt-blending distribute little-by-little graphene sheets from the initial powder 
(which can be seen as a huge agglomerate) throughout the melted polymer. The 
final nanocomposites, though, may still contain regions with graphene 
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agglomerates. Consequently, higher temperatures, longer blending times, or 
higher shear rates are used to improve the dispersion. Yet, these approaches 
may degrade the polymers and the graphene sheets, so the final nanocomposites 
could show properties even worse than those of neat polymers. The best way to 
aid dispersion is the functionalisation of graphene, so that it increases its 
compatibility with the melted polymer. Moreover, after the final compression 
moulding step, the nanocomposites may not show a completely aligned 
microstructure, with graphene sheets 3D randomly oriented, especially deep 
inside the samples. 
A way to improve the alignment of nanocomposites prepared by melt-blending is 
the introduction of some static mixers in the extrusion line. Static mixers are 
elements that, differently from the screws of extruders, do not move [118]. They 
change the structure of the composite melt by cutting its flow in two parts, then 
overlapping these two parts together, and squeezing them, so that the final cross-
section of the melt has the same size and shape of the initial one (Figure 2.27b-
I). This mechanism is mathematically described by the baker’s transformation 
[119]. As the P&F technique used in this thesis is also based on the baker’s 
transformation, it is worth investigating the effect of static mixers on 
nanocomposites. By adding several cutting-and-combining static elements (also 
called multiplying elements or stages) to the extrusion line, the structure of a 
composite melt becomes organised in 2n layers, where n is the number of 
multiplying static elements. This method is commonly called multi-layer co-
extrusion, and it has been used to prepare nanocomposites containing well 
aligned graphene sheets (Figure 2.27b-II) with good in-plane mechanical 
properties [117], or nanocomposites containing GNP nanoparticles that can be 
exfoliated during the process, resulting in high effective mechanical 
reinforcements and improved water barrier properties [120]. Static mixers have 
been used also to prepare talc and carbon black composites with mechanical and 
gas barrier properties improving with the number of multiplying stages, but with 
deteriorating electrical properties because of a more even distribution of the 
carbon black particles [121]. However, other studies have shown a different 
electrical behaviour of carbon black/polypropylene nanocomposites, with the 
percolation threshold and electrical resistivity decreasing with the number of 
static elements, despite the agglomeration of carbon black decreased with the 
number of layers [116]. Other electrically conductive multi-layered 
nanocomposites have been prepared using carbon nanotubes, showing 
decreasing percolation thresholds and better aligned nanotubes with the number 
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of layers [122], and improved mechanical properties [123]. Multi-layered 
nanoclay/polyethylene nanocomposites have been prepared with improved gas 
barrier properties, and the permeability could be further decreased with an 
annealing treatment that allowed the interdiffusion of the polymer layers and the 
confinement/densification of the nanoclays in thinner hosting layers [124]. In any 
case, melt-blending/multi-layer co-extrusion techniques do not allow reaching 
high nanofiller contents, otherwise the polymer melts become too viscous and 
difficult to process because of large nanofiller agglomerates. Besides in multi-
layer co-extrusion, static mixers are also used for other applications in the 
pharmaceutical, petrochemical, water treatment, food, paper and paint industries 
[118]. Another mixing technique based on the baker’s transformation was studied 
decades ago to blend immiscible polymers together [125], and it involved a press 
and the manual folding of the samples (in a very similar way in which the P&F 
samples were prepared in this thesis). This technique requires that the two 
immiscible polymers must have similar flow behaviours, so that they can be 
blended down to the nanoscale with a few repetitions of the baker’s 
transformation. The same concept was used later to prepare layered polymer 
blends with static mixers [126,127]. 
2. Three-roll mill. A way to prepare graphene-epoxy nanocomposites is to use a 
three-roll mill (Figure 2.28), which creates high shear forces in the gaps between 
the rolls, as these rotate in opposite directions. 
 
Figure 2.28 Three-roll mill for the in-situ exfoliation and dispersion of graphene inside epoxy 
resins. (a) Picture of a typical three-roll mill (from ref. [130]), and (b) illustration of the process (from 
ref. [129]). 
Epoxy resins and graphene (that can be pre-mixed together by solution-mixing) 
are repeatedly introduced inside the gap between the first two rolls, collected 
from the third roll, and added again to the mill. The high shear forces guarantee 
a good dispersion of the graphene sheets throughout the epoxy resins, and, 
under certain conditions, can even exfoliate thick graphite particles [128,129]. 
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This in-situ exfoliation of graphene directly inside the epoxy resins during the 
dispersion process is a huge advantage, as two steps are executed at once, and 
the production rate can be much faster than exfoliation/solution-mixing 
techniques. However, the resulting nanocomposites could present disordered 
microstructures. 
3. Calendering (two-roll mill). Graphene-elastomers nanocomposites can be 
prepared by solution-mixing, but also by the traditional techniques used to 
process rubbers. Indeed, two-roll milling can produce well aligned graphene-
rubber nanocomposites (Figure 2.29). As graphene powders are airborne and 
can fly away from the mill rather than be mixed with the rubbers, some tricks must 
be adopted to avoid this issue, such as pre-compression of the powder in pellets, 
or pre-blending of graphene with rubber by solution-mixing, or by preparing a 
slurry of graphene with volatile solvents [131,132]. 
 
Figure 2.29 Calendering for the preparation of graphene-rubber nanocomposites. Figure from 
ref. [131]. 
2.2.4.3 New techniques: foam infiltrations. 
New approaches for the preparation of structured graphene nanocomposites have been 
developed based on the concept of graphene foams infiltration by low viscous polymers, 
epoxy resins or monomers (Figure 2.30). The graphene foams can be obtained in several 
ways, for example by sublimating the solvent from a graphene aerogel (Figure 2.30a) 
[133,137], by CVD synthesis of graphene on a metallic foam template followed by etching 
of the metal (Figure 2.30b) [134], or by freeze-drying a graphene water solution (Figure 
2.30c) [135,138]. The latter approach prepares highly oriented graphene scaffolds 
thanks to the templating effect of growing ice crystals [139]. The mono-directional 
freezing of the solution can be induced by placing the bottom of the solution container in 
contact with liquid nitrogen. The ice crystals are then removed by sublimation. With this 
method, a graphene scaffold infiltrated with a silicon-based rubber (Figure 2.30d) has 
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shown self-healing and sensing capabilities [136]. Despite the limited amount of 
materials processable in such a way, foam infiltration approaches are promising for the 
preparation of multifunctional devices. 
 
Figure 2.30 Graphene foams infiltration. (a) Epoxy-infiltrated graphene aerogels (from ref. [133]). (b) 
Epoxy-infiltrated CVD-grown graphene foam (from ref. [134]). (c) Illustration of graphene scaffold formation 
by ice growth-templating (from ref. [135]). (d) Graphene scaffold-PBS multifunctional nanocomposites (from 
ref. [136]). 
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2.3 Conclusive remarks 
Graphene presents huge potentials for the development of technological materials with 
multifunctional properties. The mechanical reinforcement effect has proven to be 
effective mainly when little amounts of graphene are contained in the nanocomposites. 
The control over graphene spatial distribution, orientation and dispersion during the 
preparation of nanocomposites plays an important role for the achievement of good 
microstructures that can guarantee high mechanical, electrical, and thermal properties. 
However, the relationship between the organisation and dispersion of graphene within 
the polymer matrix and the mechanical and electrical properties of nanocomposites must 
be further investigated. 
In this study, new bottom-up and top-down approaches have been advanced to prepare 
model nanocomposites with well-defined microstructures to clarify this relationship. The 
next chapters show how these results have been explained by new theoretical models 
that consider the nanofiller dispersion and distribution states. They also demonstrate 
how to take advantage of this ability to control the microstructures to prepare 
nanocomposites with enhanced multifunctional properties. 
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Chapter 3.  
 
Materials and methods 
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3.1 Materials 
3.1.1 Materials used for sa-LbL 
Poly-vinyl alcohol (PVA) 99+% hydrolyzed (Mw 89000-98000) was purchased from 
Sigma Aldrich (product number 341584-25G). PVA was dissolved in deionized water by 
mixing at 200 rpm and 95 °C for 4 h to obtain a solution with a final concentration of 1 
wt.%. A 4 mg/mL graphene oxide (GO) water suspension was purchased from 
Graphenea (Spain). 
PVA and GO were chosen because both of them form suspensions in water, so they can 
be mixed together in the same solution. Moreover, water is not a dangerous solvent. 
Poly-styrene (PS) was dissolved in toluene by continuous stirring at 90 °C for 3 h to 
obtain a 5 wt.% solution, and was spin-coated on glass slides to form a sacrificial layer. 
3.1.2 Materials used for melt-processing 
Linear low-density polyethylene (LLDPE, density 0.921 g/cm3, melting point 116 °C, MFI 
26 at 190 °C) Flexirene MS20A (Versalis S.p.A., Italy), and expanded graphite (EG, bulk 
density 0.04 g/cm3, BET specific surface area 25 m2/g) Timrex C-Therm 002 (Timcal Ltd, 
Switzerland) were the most used materials for preparing samples with P&F technique 
and a twin-screw extruder. LLDPE was chosen because of its low melting point, which 
would help to speed up the P&F process as it would cool down/melt in a relatively short 
time (few seconds). EG was selected because we thought that it could be exfoliated in 
thinner particles down to mono-layer graphene sheets during the P&F process (however, 
this did not happen, as shown later in the thesis). 
Other fillers employed were graphene powder xGnP750 (bulk density 0.2-0.4 g/cm3, BET 
specific surface area 750 m2/g, XG Sciences) and montmorillonite nanoclay (MMT) 
Cloisite 20A (natural montmorillonite modified by dimethyl, dihydrogenated tallow, 
quaternary ammonium, with a modifier concentration of 95 meq/ 100 g nanoclay; density 
1.77 g/cm3; bulk density 0.12 g/cm3; Southern Clay Products). 
Other polymers were high-density polyethylene (HDPE, density 0.967 g/cm3, MFI 1.2 at 
190 °C) Surpass HPs 167-AB (Nova Chemicals); polyhydroxy ether bisphenol A 
71 
 
(phenoxy, Tg 92 °C, Mw 52000) PKHH (InChem); polycarbonate (PC, density 1.19 g/cm3, 
Tg 145 °C, MFI 17 at 250 °C) Makrolon OD2015 (Covestro); polyamide 6 (PA6, density 
1.14 g/cm3, melting point 222 °C, MFI 25 at 235 °C) Durethan B31F (Lanxess); 
thermoplastic polyurethane (TPU, density 1.19 g/cm3, melting point 167 °C) Estane 
58437 (Lubrizol); polydimethylsiloxane (PDMS) Silopren C350 (Momentive) that was 
cross-linked using ketoxime (1.6 mL for 10 g of PDMS). 
3.2 Preparation techniques 
3.2.1 Sa-LbL 
Spray-assisted Layer-by-Layer (sa-LbL) for the preparation of nanocomposites consists 
in spraying PVA/GO water dispersions with an airbrush. The solutions were sprayed on 
a glass slide that was previously cleaned with acetone, and corona treated for about 30 
s. The glass slide was kept vertically in front of a hot-plate, which was heated up to 80 
°C (Figure 3.1). The airbrush was an Iwata HP-C Plus and was kept 30 cm far from the 
glass slide. The flux of the airbrush was set to 2 mL/min, and the compressed air to 0.3 
mPa. The air compressor had an electro-valve connected to a time switcher, that was 
set in a way to allow the valve to be cyclically open for 60 s and then close for 30 s. In 
this way, during the OFF time of the valve, the compressed air was not supplied to the 
airbrush, hence the sprayed material on top of the glass slide could dry properly before 
new material was added during the next ON time of the compressor valve. 
 
Figure 3.1 Schematic representation of the sa-LbL technique. 
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To create samples with different distributions of GO, two pipettes were used to add 
materials to the airbrush reservoir. One pipette contained only PVA solution (material 
“A”), while the other contained a suspension of GO/PVA in different proportions (material 
“B”). The solutions of these pipettes were added alternatively to the airbrush, creating 
nanocomposites with a layered structure of (A/B)n materials, where n is the number of 
layers. In this way it was possible to control the overall concentration of GO in the 
nanocomposite, the absolute thickness of each layer, the relative thickness of layers B 
to layers A, and the confinement of GO in layers B (by changing the concentration of GO 
in the GO/PVA suspension). Because of this deposition approach, this sa-LbL technique 
should not be strictly considered as a LbL technique, but a variation of solution casting. 
In fact, the term “layer” used in LbL usually refers to materials thick only one molecule, 
while in this sa-LbL study, the deposited layers may be much thicker than one polymer 
chain or than individual GO sheets. 
The samples were then thermal treated at 160 °C for 1 hour on top of a horizontal hot-
plate, as it has been shown that this treatment is good enough to reduce GO into well 
conductive reduced graphene oxide [140]. The electrical conductivity of the samples was 
then measured following the procedure described in the next session. 
3.2.2 P&F 
The pressing-and-folding (P&F) technique is similar to the process of making the puff 
pastry for croissants (Figure 3.2a), consisting of repetitive folding and pressing of 
alternating layers of dough and butter. It is based on the baker’s transformation [119], 
which is a mechanism already employed by chaotic mixing approaches [141,142] or 
static mixers used for industrial multilayer co-extrusion of polymers and nanocomposites 
[143]. Indeed, by iterating the baker’s transformation (Figure 3.2b), two materials can, in 
principle, be blended down to the nanoscale after only a few cycles. 
The P&F technique can be divided in three steps. First, two polymer films are prepared 
by hot-pressing polymer pellets inside a hot-press (Collin P 300 E). Subsequently, a 
nanofiller powder is introduced between these films (Figure 3.2c) and hot-pressed at 40 
bar at a temperature slightly above the polymer melting point (for LLDPE based 
nanocomposites, the temperature was 120 °C) for 30 s to join the two materials. In the 
final processing step, polymer and filler are gradually dispersed by repetitive folding and 
hot-pressing the film (Figure 3.2d). At each P&F cycle, the sample is manually folded 
twice in a symmetric manner and pressed at 40 bar and above the melting point of the 
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polymer for 30 s inside an aluminium frame in order to maintain the resulting thickness 
at ~300 µm after each pressing. The nanofiller weight concentration inside each sample 
can be calculated by measuring the weight of the initial polymer films, before and after 
adding the nanofiller. 
 
Figure 3.2 Representation of the P&F technique. (a – b) Methods that inspired the P&F: puff-pastry 
preparation process (a), and baker’s transformation (b). (c) Initial combination of nanofiller and polymer. (d) 
P&F cycle. 
Differently from melt-blending/multi-layer co-extrusion (i.e. techniques also based on the 
baker’s transformation), the P&F allows to prepare samples with a wide range of 
nanofiller dispersion and distribution states, which is the main reason why it has been 
used in this study. From this perspective, it is important to note that the possibility of 
nanofiller re-agglomeration is minimised during the P&F process because the samples 
are solidified after each pressing step, hence their microstructures are “frozen” (this 
mechanism is explained in more detailed in chapter 6). Moreover, with the P&F process, 
it is possible to process high nanofiller loadings in highly viscous blends. This cannot be 
done with traditional melt blending techniques, as too high viscosities would require too 
high screw torques, and the blends may not flow. Similarly, the P&F allows to blend 
materials at temperatures relatively low and close to the melting point of the polymers 
used, i.e. where their viscosities are high and the possibility to face thermal degradation 
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is minimised (besides limiting the possibility of nanofiller re-agglomeration, as explained 
later). 
In order to study the properties of the nanocomposites as a function of P&F cycles – 
corresponding to GNP dispersion and distribution throughout the matrix – samples of 
LLDPE containing 10.7 wt.% (4.8 vol.%) of GNP were prepared at different P&F cycles. 
Moreover, a series of samples containing several GNP loadings were prepared at 200 
P&F cycles to prove the ability of the technique to disperse high nanofiller amounts with 
the same efficiency. 
3.2.3 Twin-screw extrusion 
A reference sample of LLDPE + 10.7 wt.% of GNP was prepared by traditional melt-
blending followed by a compression moulding technique. Here LLDPE pellets and GNP 
were used without drying. The composite was prepared by melt-blending at 120 °C under 
nitrogen atmosphere using a DSM X’plore 15cc micro compounder. The compounder 
has a vertically positioned, abrasion and chemical resistant barrel with two detachable, 
conical mixing screws. In the front and at the back of the barrel there are three separate 
heating zones to control the process temperature. The compounding materials can be 
inserted from an aperture located at the top of the screws, and can be brought on top 
again from the bottom of the screws through a recirculating channel, which allows to 
blend the materials through the screw for a desired number of times. Compounding was 
performed for 9 min at a screw speed of 180 rpm. The resulting compound was collected 
by opening a valve at the bottom of the screws, which closes the recirculating channel. 
The compound was then hot-pressed at 40 bar and 120 °C for 30 s inside an aluminium 
frame ~300 µm thick. 
3.2.4 Multi-layer co-extrusion 
Two single-screw extruders TeachLine E16/E20 (Collin) were connected to a 
coextrusion adaptor. Pellets of HDPE containing 2 wt.% xGnP750 were introduced to 
both extruders, which were running at 20 rpm. The temperature profile for both extruders 
was 190 °C, 210 °C, 220 °C. The melt tubes connecting the extruders with the 
coextrusion adaptor were kept at 225 °C, and the adaptor at 200 °C. The samples were 
prepared by changing the number of splitting and recombining multi-layer elements: 1 
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splitting/recombining pair (corresponding to a composite made of 2 layers), 6 pairs 
(composite with 64 layers), and 8 pairs (256 layers). The multi-layer elements were set 
to 175 °C. The die at the end of the multi-layer elements was heated up to 140 °C, and 
its gap adjusted to 350 µm. The composite films were collected by a flat film line 
(TeahLine CR72, Collin), with its two clamping rolls kept at a distance of 9.5 cm from the 
extrusion die. The clamping rolls were heated up to 95 °C and set to a clamping pressure 
of 2 bar. The speed and torque of the clamping rolls and collector roll of the flat film line 
were adjusted accordingly to the extrusion speed, without any film stretching to avoid 
excessive polymer chain orientation along the machine extrusion direction that would 
impair the comparison of nanocomposites prepared with this technique and P&F 
nanocomposites. 
3.3 Characterisation techniques 
3.3.1 Lateral size of particles 
The lateral size of the EG powder particles was characterised by scanning electron 
microscopy (SEM, FEI Inspect-F). One hundred particles were measured for statistical 
determination of the particles’ length and width. The length was considered as the 
longest side, whereas the width was measured along the normal of the length. 
3.3.2 Particle thickness 
The thickness of EG powder particles and GO sheets was characterised by atomic force 
microscopy (AFM, NT-MDT Ntegra) in semi-contact mode. The thickness of a particle 
was calculated by averaging the height profile. At least twenty particles were measured 
for statistical determination of particles’ thickness. 
3.3.3 X-ray diffraction 
X-ray diffraction (XRD) studies were carried out at room temperature on a Panalytical 
X’Pert Pro diffractometer in reflection mode between 5°-70° 2θ and 2.5°-35° Ω, moving 
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the samples with a spinner revolution time of 4 s. The X-ray tube used a tension of 45 
kV, and 40 mA of current. The incident beam employed the k-alpha1 radiation (0.154 
nm) of the cupper anode. A filter made of nickel selected the diffracted beam. The 
crystalline interlayer spacing of GNP was determined by using Bragg’s law: 
𝑑 =
𝜆
2 sin(𝜃)
 
Equation 3.1 
where λ is the incident wavelength, and θ is the Bragg’s angle of the (002) reflection 
around 26.6° 2θ. 
The mean thickness of GNP, and the mean sizes of the LLDPE crystallites were 
calculated with the Debye-Scherrer’s formula [144,145]: 
𝑇 =
0.9 𝜆
𝛽 cos(𝜃)
 
Equation 3.2
where β is the full-width at half-maximum (FWHM) in radians of graphite (002) peak, or 
LLDPE (110) and (200) peaks around 21.6° 2θ and 23.8° 2θ, obtained from a single 
Gaussian peak fit between 20°-35° 2θ for EG or xGnP750 powder, and from a multiple 
Gaussian peaks fit between 10°-35° 2θ for pure LLDPE and nanocomposites samples. 
The degree of LLDPE crystallinity (Xc) was calculated from the integrated intensities of 
the (110) and (200) peaks, and from the area of the amorphous halo on which the 
crystalline peaks are superimposed, as described by the Hermans-Weidinger method 
[145,146]: 
𝑋𝑐 =
𝐼𝑐
110 + 𝐼𝑐
200
𝐼𝑎 + 𝐼𝑐
110 + 𝐼𝑐
200 ∙ 100 
Equation 3.3
3.3.4 Scanning electron microscopy 
The microstructures of the nanocomposites were studied by analysing the cross-sections 
of cryogenically broken samples by scanning electron microscopy (SEM, FEI Inspect-F). 
The specimens were previously gold-sputtered to cover them with a conductive film 6-8 
nm thick. For statistical determination of filler agglomerates contained in nanocomposites 
of LLDPE + 4.8 vol.% GNP as a function of P&F cycles, diameter (the longest side) and 
thickness (segment along the normal of diameter) of each filler agglomerate was 
measured from at least three different specimens for each P&F sample, in order to have 
at least 100 measured agglomerates per sample. The aspect-ratio of each agglomerate 
was calculated by dividing its diameter by its thickness. The histograms of agglomerates’ 
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diameter, thickness, and aspect-ratio were fitted with a log-normal function to find out 
the geometrical mean values as a function of P&F cycles. 
3.3.5 Electrical conductivity tests 
Electrical conductivity measurements were performed in-plane and out-of-plane of the 
samples by a 2-points probe connected to a DC system power supply (Agilent 6614c, 0-
100V/0-0.5A), and a picoammeter (Keithely 6485, 2nA–20mA). A low electric field from 
0 to 1.5 V/mm was applied in both cases in order to avoid a non-linear current-voltage 
relationship [147], and 20 voltage-current data points were measured and recorded after 
waiting 100 ms at each 0.075 V/mm interval. For P&F samples, five specimens per 
sample were tested both for in-plane and out-of-plane conductivity. Length (L), width (W), 
and thickness (T) of each specimen were measured and recorded before testing (in 
particular, specimen of 15×8×0.3 mm3 nominal size were used for in-plane, and 
10×10×0.3 mm3 for out-of-plane measurements). The sa-LbL samples were prepared for 
electrical measurements by peeling off the two Kapton tapes from the glass substrates 
(see Figure 3.1) and covering with silver paint the resulting two exposed edges of the 
nanocomposite coatings. Two copper tapes were then stuck on the glass substrates and 
put in contact with the silver painted edges of the nanocomposites. These connections 
were further covered by silver paint. The electrodes of the measuring system described 
above were clamped to the copper tapes. The electrical conductivity of each specimen, 
σ, was calculated after a linear fit of the current-voltage data: 
𝜎 =
𝐵𝐿
𝑊𝑇
 
Equation 3.4 
where B is the slope of the fitting equation (𝑦 = 𝐴 + 𝐵𝑥, with y = current, and x = voltage). 
3.3.6 Tensile tests 
Tensile tests were executed following the ASTM D 638-02a standard method with 
specimen type V, performing five specimens per sample in a universal testing machine 
(Instron 5566), equipped with a 1 kN load cell. The experimental data points were 
collected every 10 ms. Width and thickness of each specimen were measured before 
testing. LLDPE samples were tested at 1 mm/min until a strain of 10% was reached, then 
the tests continued at 30 mm/min until failure. Nanocomposites and a reference sample 
of pure LLDPE were tested at 1 mm/min until breakage. The stress-strain curves were 
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reconstructed using the collected load-extension data points and the specimens’ sizes. 
The elastic modulus of each specimen was determined from the slope of a linear fit of 
the stress-strain curve over a strain range of 0.25% after the toe’s region. The yield point 
was considered as the first zero-slope point on the stress-strain curve. 
Tensile tests of nacre-like PDMS/TPU/MMT nanocomposites were performed on 15×2.5 
mm2 stripes. The initial separation of the clamps was 10 mm, and the cross-head speed 
1 mm/min. The testing machine was equipped with a 2.5 N load cell. 
3.3.7 Thermal diffusivity tests 
Thermal diffusivity measurements were carried out using an incident laser pulse on the 
sample and recording temperature signal versus time with an IR detector. The thermal 
conductivity of the samples was calculated by multiplying the recorded thermal diffusivity 
with the samples’ density and heat capacity (the latter was estimated by rule of mixture 
using a heat capacity of 1.555 J g-1 K-1 for LLDPE, and one of 0.709 J g-1 K-1 for GNP).  
3.3.8 Self-heating tests 
Joule/self-heating experiments were performed by applying a voltage using an AC power 
source from 0 to 240 V in steps. Current was recorded using a Tenma 72-7765 digital 
multimeter. Change in temperature on the sample surface was recorded with time by 
applying thermocouples to at least 3 different points. Thermal images of the samples 
were taken using a FLIR E40 thermal camera. The samples were placed in between 
insulating glass fibre mats to avoid heat loss. 
3.3.9 Strain-sensing tests 
Strain-sensing tests were performed using samples with nominal size of 50×0.3×15 mm3 
in a universal testing machine (Instron 5566), equipped with a 1 kN load cell. The grips 
were 20 mm far from each other at the beginning of each test. The extremities of the 
samples were previously coated with silver paint in order to assure a good electrical 
contact with a 2-points probe setup connected to a DC system power supply (Agilent 
6614c, 0-100V/0-0.5A), and a picoammeter (Keithely 6485, 2nA–20mA). Two types of 
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strain-sensing tests were conducted: cyclic tests consisting of stretching the samples 
between 0.5 and 3% of nominal strain for five times at a speed of 1 mm/min, and 
recording the resistance every second; and tensile tests at a speed of 1 mm/min until 
failure, recording the resistance every second. 
3.3.10 Impedance spectroscopy 
Impedance spectroscopy measurements were performed between 100 mHz and 1 MHz 
using a SP-300 (SN 0623) Bio-Logic impedance analyser controlled by the EC-lab 
software. An AC-potential perturbation of 100 mV was used for all experiments. 
Nanocomposite films of ~300 µm in thickness were cut with a 1 cm diameter hole 
puncher.  Round samples were placed between two full metallic electrodes that were 
tightened together with a screw press (aka. supercapacitor energy storage module). The 
permittivity of composites was determined from the impedance data according to the 
following equations [148]: 𝜀′ ≈ 𝑍′′ (𝑍′′2 + 𝑍′′
2
)⁄  and 𝜀′′ ≈ 𝑍′ (𝑍′′2 + 𝑍′′
2
)⁄ . As the shape 
factor (thickness/area) of all samples is equivalent, permittivity magnitudes were 
compared excluding this value. 
3.3.11 Rheology tests 
Rheological measurements were performed on a hybrid DHR-3 rheometer (TA 
instruments) in a parallel plate configuration with a 20 mm geometry. Flow sweeps within 
shear rates of 1.0∙10-3 and 100 s-1 were carried out consecutively at 120, 140 and 180 
°C with a soak time of 20 minutes between temperatures. 
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Chapter 4.  
 
Modelling of nanofiller dispersion and 
distribution effects on nanocomposite 
mechanical properties 
  
81 
 
4.1 Introduction 
As illustrated in the literature review chapter, it is usually observed that the mechanical 
reinforcement of graphene nanocomposite becomes smaller than expect with increasing 
amounts of graphene. In other words, the reinforcement efficiency decreases with 
nanofiller content. This problem is commonly attributed to graphene agglomeration. It is 
also noted that nanocomposites containing graphene agglomerates distributed in certain 
ways within the matrix can decrease the electrical percolation, resulting in 
nanocomposites with enhanced conductivities. 
To describe these effects, we define what dispersion and distribution mean in this study. 
Dispersion is here intended as the contact area between graphene and matrix. 
Therefore, saying that graphene is well dispersed means that its surface area is 
completely in contact with the matrix. Likewise, when graphene is agglomerated means 
that its surface area is not entirely in contact with the matrix because the platelets are 
touching each other. This means that graphene is badly dispersed. With the term 
distribution we intend the spatial position of graphene throughout the matrix. A good 
distribution indicates that the distance between the centre of mass of one platelet and 
the centre of mass of its near neighbours is constant for each platelet, and that every 
platelet has the same coordination number (excluding the platelets on the sample 
surface). In this situation, the volume fraction occupied by each platelet inside the volume 
delimited by its near neighbours is the same as the overall volume fraction of graphene 
contained in the nanocomposite. When graphene is agglomerated, the distribution of the 
platelets loses its homogeneity within the matrix, and some platelets may occupy a 
higher or lower local volume fraction than the overall graphene volume fraction. 
Using this approach, the term dispersion describes the surface contact of graphene, 
whereas the term distribution describes the location of the platelets in the 3D space. 
Dispersion and distribution are not two states always independent from each other, as 
when the dispersion is bad there must also be a certain degree of bad distribution too, 
and vice versa. However, we simplify our following discussion by considering the effects 
of dispersion and distribution separately on the mechanical and electrical properties of 
nanocomposites. 
If we focus on the dispersion state of graphene, we can infer that its effect on the 
mechanical properties must be decisive. Indeed, the shear-lag theory of Cox is based on 
the ideal case where there is a perfect contact between nanofiller and matrix [33]. As 
explained in the literature review chapter, the shear-lag theory describes how efficient is 
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the shear stress transfer from the matrix to the nanofiller and is used to derive the 
efficiency length parameter ηL (Equation 2.4). Therefore, the lower the matrix-nanofiller 
contact, the lower the stress transfer and the lower the mechanical reinforcement effect 
observed in the nanocomposite. On the other hand, the nanocomposite electrical 
conductivity is governed by electron tunnelling from one platelet to another one, so if 
graphene is badly dispersed because the platelets are touching each other, the electrical 
conductivity may be improved. However, if the graphene agglomerates are localised only 
in certain zones of the matrix and not widespread and interconnected throughout the 
composite, the electrical conduction is hampered. In other words, the distribution state 
of graphene plays a major role on the electrical conduction than the dispersion state 
does. Therefore, we can make an initial approximation by stating that the dispersion state 
of graphene has an effect only on the nanocomposite mechanical properties. 
If now we consider the distribution state of graphene, we already know that it is 
fundamental for determining the nanocomposite electrical conductivity. However, what 
about the effect of graphene distribution on the mechanical properties? To answer this 
question, we can ideally divide a nanocomposite with a bad graphene distribution in two 
zones: one graphene-rich zone, and one graphene-poor zone. If the graphene-rich zone 
is split in many small sphere-like volumes distributed throughout the graphene-poor 
zone, then the nanocomposite mechanical reinforcement can be roughly calculated 
using the IRoM (Equation 2.2) after substituting Ef and Em with the moduli of the 
graphene-rich and graphene-poor zones, and Vf and Vm with the volume fractions of the 
graphene-rich and graphene-poor zones. This means that the distribution state of 
graphene could have bad effects on the nanocomposite mechanical properties. 
This current chapter attempts to describe and predict the effects of graphene dispersion 
and distribution on the nanocomposite mechanical properties. The next chapter is 
instead focused on the effect of graphene agglomeration on the electrical properties of 
nanocomposites. 
4.2 Effect of nanofiller dispersion on mechanical properties 
As mentioned previously, when there is no perfect contact between nanofiller and matrix 
due to a bad dispersion, there cannot be a good stress transfer from matrix to nanofiller, 
and the platelets inside the agglomerates cannot give their contribution to the 
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nanocomposite mechanical properties. Thus, only one portion of the nanofiller volume 
fraction effectively reinforce the matrix: 
𝑉𝑓
𝑒𝑓𝑓 ≡ 𝐷 ∙ 𝑉𝑓 
Equation 4.1 
Vf
eff is the effective reinforcing volume fraction, Vf is the nominal volume fraction, and D 
is a dispersion factor, which ranges from 0 (nanofiller and matrix completely not in 
contact) to 1 (nanofiller perfectly dispersed and completely in contact with the matrix). It 
is important to note that the D factor is valid only for those nanofillers that, when perfectly 
distributed in a nanocomposite, can form perfect contacts with the matrix, as assumed 
by the shear-lag theory of Cox. Thanks to the D factor, we have now a parameter that 
can quantify the dispersion level of graphene or GNP inside nanocomposites. Vf
eff can 
then be used instead of Vf inside any composite theory to predict the properties of any 
nanocomposite if its nanofiller dispersion level is known, or, contrariwise, to back-
calculate an unknown D-factor. 
As we have defined the dispersion as the nanofiller-matrix contact area, then the D factor 
must depend on the contact area too. However, defining a priori how the D factor varies 
with the overall nanofiller-matrix contact area, Ac, is challenging. In first approximation 
and to avoid to over-parameterise the model, we could define the following relation: 
𝐷 ≈
𝐴𝑐
𝐴𝑝
 
Equation 4.2
where Ap is the nanofiller surface area that can be easily calculated by multiplying the 
nanofiller specific surface area by the amount of nanofiller introduced in the 
nanocomposite. In this way, when Ac = 0 (no contact between nanofiller and matrix), then 
also D is zero, and when Ac = Ap (nanofiller perfectly in contact with the matrix), then D 
= 1. According to Equation 4.2, the D factor could indirectly be measured by estimating 
the local nanofiller-matrix contact area from a nanocomposite microstructure, which 
could potentially be done, for example, from SEM and TEM observations [149], although 
these methods reveal local information only [150], and might not be representative of the 
overall nanofiller dispersion state. Note that the local D factor calculated from SEM/TEM 
observations may not be valid to correlate the local reinforcement of a nanoparticle 
(Equation 4.1) with its dispersion state (Equation 4.2). For example, we can consider two 
cases where a disc-like nanoparticle has D = 50%, i.e. half of its surface is in contact 
with the matrix. In the first case, the nanoplatelet is located at the edge of an 
agglomerate, with half of its diameter trapped inside the agglomerate and the other half 
embedded in the matrix. In the second case, the nanoplatelet is located at the surface of 
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the agglomerate, and has one face toward the agglomerate and the other face in perfect 
contact with the matrix. For simplicity, we do not consider any stress concentration effect 
inside the matrix caused by the presence of the agglomerate. In the first case, it is 
straightforward to consider only half of the nanoparticle volume as the responsible for 
the local mechanical reinforcement. In the second case, it is not very clear the amount 
of stress that can be transferred from the matrix to the nanoparticle, so Equation 4.2 
should not be used inside Equation 4.1. In other words, the approximation of Equation 
4.2 is not reliable at the nanoscale. 
Moreover, the dispersion state of each individual nanoparticle could be different, 
depending on whether the nanoparticles are located on the surface of an agglomerate 
or deep inside the agglomerate. This heterogeneity of the dispersion states of the 
nanoparticles poses a challenge on what value should be used to represent the overall 
dispersion state of the nanoparticles and, ultimately, to describe the mechanical 
properties of a nanocomposite affected by nanofiller agglomeration. 
For all these reasons, we can consider the D factor only as a global parameter to 
describe the stress-transfer efficiency of nanocomposites containing agglomerates, and 
it may not correspond to a mean dispersion value calculated using the individual 
dispersion states of each nanoparticle observed under SEM and TEM. From this 
perspective, a better way to represent the D factor is by considering the overall nanofiller-
matrix contact area, Ac, rather than the local nanoparticles-matrix contact area. We can 
indirectly evaluate how Ac varies during the synthesis of a nanocomposite, and how it 
changes when nanocomposites contain increasing amounts of nanofiller. As these 
aspects depend on the nanocomposite preparation technique, we show below how Ac 
can be estimated for the two most commonly employed processes of melt-blending and 
solution mixing/casting. Consequently, we can investigate how the D factor changes for 
these techniques, how it is influenced by the nanofiller volume fraction and, ultimately, 
how the mechanical properties are affected by the nanofiller agglomeration. 
4.2.1 Dispersion-factor for solution-mixing/casting processes 
Solution-mixing followed by solution casting is a technique where nanocomposites are 
formed by the assembly of nanoparticles with polymers at the nanoscale level when 
solvent is started being removed (solution casting). During this process, nanocomposites 
grow up in volume with solvent evaporation, but nanofiller agglomeration may happen 
when the nanofiller concentration is higher than the critical volume fraction at which 
85 
 
rigidity percolation occurs. Rheological studies of viscoelastic properties of graphene 
suspensions reported in literature [151] suggest that this critical volume fraction, Vf
c, is 
proportional to the nanofiller aspect-ratio, ξ: 
𝑉𝑓
𝑐 ≈
1.5
𝜉
 
Equation 4.3 
Above Vf
c, the nanoparticles may start touching each other, forming an interparticle 
agglomeration contact area, Ag. The variation of Ag may depend on the following factors: 
• Variation in nanofiller volume fraction, ΔVf; 
• Difference between Vf and Vf
c because nanofiller agglomeration when Vf is lower 
than Vf
c is unlikely to occur; 
• Difference between the total surface area of the nanoparticles, Ap, and the actual 
agglomeration contact area: Ap – Ag. In fact, when all nanoparticles are completely 
agglomerated, it is impossible to further increase the agglomeration contact area; 
• s, which is a parameter that describes how fast the nanoparticles agglomerate. This 
parameter may be influenced by different aspects such as the nature of the 
nanoparticles (if nanoparticles interact with one another with strong Van der Waals 
forces, they are likely to agglomerate quickly); functionalisation of nanoparticles or 
polymers (if nanoparticles are bonded to the polymer matrix, it will be less likely that 
they agglomerate); and nanoparticle aspect-ratio (the higher the aspect-ratio, the 
more difficult is to control the configuration of the nanoparticles, and the more likely 
the nanoparticles crumple or fold). 
These aspects can be translated into the following equation: 
∆𝐴𝑔(𝑉𝑓) = ∆𝑉𝑓 ∙ (𝑉𝑓 − 𝑉𝑓
𝑐) ∙ 𝑠 ∙ (𝐴𝑝 − 𝐴𝑔(𝑉𝑓)) Equation 4.4 
When ΔVf → 0, Equation 4.4 becomes a differential equation. We can find the following 
solution to this differential equation knowing that when Vf = Vf
c, Ag is zero: 
𝐴𝑔(𝑉𝑓) = 𝐴𝑝 − 𝐴𝑝𝑒
−𝑠(𝑉𝑓−𝑉𝑓
𝑐)
2
 
Equation 4.5  
Eventually, considering that the nanofiller-polymer contact area Ac is given by the 
difference Ap – Ag, we can derive the dispersion factor for a solution-mixing/casting 
process:  
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𝐷𝑠−𝑚/𝑐(𝑉𝑓) = {
1 for 𝑉𝑓 ≤ 𝑉𝑓
𝑐
𝑒−𝑠(𝑉𝑓−𝑉𝑓
𝑐)
2
for 𝑉𝑓 > 𝑉𝑓
𝑐
 
Equation 4.6 
By introducing Ds-m/c inside Vf
eff (Equation 4.1), and substituting Vf with Vf
eff in any 
classical composite theories such as the GRoM (Equation 2.3) or the Halpin-Tsai 
equations [152–154], we can predict or describe the mechanical behaviour of casted 
nanocomposites affected by nanofiller agglomeration. 
For example, we can select some literature data for graphene and another 2D material 
like boron nitride (BN) that have a narrow and well-defined distribution of nanoparticle 
aspect-ratios [34,155], and fit these data using the Halpin-Tsai model modified by Vf
eff, 
leaving s as the only fitting parameter. Figure 4.1 shows that the data can be well fitted 
indeed, proving that Vf
eff and Ds-m/c are able to describe the loss of reinforcing efficiency 
always observed in nanocomposites with the increase of Vf (see section 2.1.1.2). A 
powerful feature of our method is that ξ is used both to determine the slope of the 
reinforcement and the volume fraction at which agglomeration begins. 
 
Figure 4.1 Mechanical reinforcement of nanocomposites prepared by solution-mixing/casting. (a) 
Graphene/polyvinyl alcohol (PVA) nanocomposites literature data [34]. Note that two independent sets of 
samples are reported as indicated by the different symbols. These sets of data were simultaneously fitted 
using the modified Halpin-Tsai model with Ef = 1 TPa, Em = 3 GPa and ξ = 1920 [34], leaving “s” as the only 
adjustable parameter. (b) BN/PVA nanocomposites literature data [155], with a fitting line using the modified 
Halpin-Tsai model with Ef = 850 GPa [156], Em = 2.55 GPa and ξ = 1400 [155], leaving “s” as the only 
adjustable parameter. 
In Figure 4.1, we observe that BN nanocomposites start losing reinforcement efficiency 
at a volume fraction lower than that of GNP nanocomposites (~0.15 vol.% vs. ~0.2 
vol.%), despite BN platelets have a lower ξ so their Vf
c = 0.11 vol.% is higher than Vf
c = 
0.08 vol.% of GNP. This is because s (which describes how fast the agglomeration 
occurs) results 5 times higher for BN than GNP. To explain this higher agglomeration 
rate, we may infer that BN has a lower compatibility with PVA, but we also note that BN 
has a broader ξ distribution containing platelets with ξ up to 3000 [155], so agglomeration 
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could be facilitated by these platelets. Therefore, even if nanoplatelets with high aspect-
ratios give the highest mechanical reinforcements, they can also be responsible for 
agglomeration to occur at quicker rates. This is a dramatic drawback if highly loaded 
nanocomposites are need by demanding mechanical applications. 
Lastly, we remark that the fitting curves in Figure 4.1 are based on the assumptions that 
the loss of reinforcing efficiency with increasing Vf is only due to worsening nanofiller 
dispersion states and that the approximation made by Equation 4.2 is valid. Hence, the 
fitted values of s must be taken with caution. Indeed, these assumptions may not be 
always true, and other factors could explain the decrease of reinforcing efficiency with 
increasing Vf, like the deterioration of nanofiller distribution, as explained afterwards. 
4.2.2 Dispersion-factor for melt-blending processes 
The increase of contact area, Ac(t), between graphene and polymer during a melt-
blending process may depend on the following aspects: 
• Extent of the processing time interval, Δt; 
• Distribution rate, I, which is a constant that describes how fast the nanofiller is being 
distributed and dispersed during the process. This factor I depends on the type of 
nanofiller and polymer used, but also on the shear rate and stress applied by the 
blending instrument, nanofiller or matrix functionalisation and polymer viscosity; 
• Difference between the total surface area of the nanofiller particles, Ap, and the actual 
interfacial area with the matrix: Ap – Ac(t). In fact, when all particles are in contact 
with the matrix (Ac(t) = Ap, i.e. perfect nanofiller dispersion) it is impossible to further 
increase the nanofiller-matrix interface, and distribution is the only phenomena left to 
occur in the process. 
These considerations can be expressed by the following differential equation:  
𝜕𝐴𝑐(𝑡) = 𝜕𝑡 ∙ 𝐼 ∙ (𝐴𝑝 − 𝐴𝑐(𝑡)) Equation 4.7  
Supposing that A0 is the initial interfacial area at t = 0, then a solution of Equation 4.7 
may be the following:  
𝐴𝑐(𝑡) = 𝐴𝑝 − (𝐴𝑝 − 𝐴0)𝑒
−𝐼∙𝑡 Equation 4.8  
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By introducing Ac(t) into Equation 4.2, we can find how the dispersion state of graphene 
evolves during a melt-blending process: 
𝐷𝑚−𝑏(𝑡) = 1 −
(𝐴𝑝 − 𝐴0)
𝐴𝑝
𝑒−𝐼∙𝑡 
Equation 4.9 
Note that that the I-factor, hence Dm-b, may be influenced by some aspects that can 
deteriorate both the polymer and the nanofiller, such as the delivered extrusion power, 
high processing temperatures and a prolonged processing time. 
It is interesting to investigate the effect of the pre-exponential term, (Ap-A0)/Ap, on Dm-b at 
the beginning of the process, i.e. for t → 0. Depending on the amount of nanofiller 
introduced in the blending instrument, (Ap-A0)/Ap ranges from 0 to 1. Figure 4.2a shows 
how Dm-b decreases for increasing A0/Ap ratios. For extremely low amounts of nanofiller 
or for nanofillers with very low specific surface areas (A0/Ap → 1) the dispersion state 
could be optimum already at the very beginning of the melt-blending process. Moreover, 
Figure 4.2a shows that high amounts of nanofiller or nanofillers with high specific surface 
areas (A0/Ap → 0) require longer times to reach an optimal dispersion during processing. 
 
Figure 4.2 Nanofiller dispersion state in nanocomposites prepared by melt-blending as a function of 
processing time. (a) Dm-b predicted by Equation 4.9 and for increasing nanofiller amounts or specific surface 
areas (A0/Ap ratios). (b) Dm-b predicted by Equation 4.10 for two different volume fractions and agglomeration 
rates. 
When A0/Ap → 0, Dm-b seems to be independent from the nanofiller amount and initial 
contact area. If this is true, then any amount of nanofiller could potentially be perfectly 
dispersed, and the reinforcing efficiency should not decrease with Vf. Unfortunately, this 
is never observed in nanocomposites. The rigidity percolation of the platelets is 
responsible again for the nanofiller agglomeration. Thus, it does not matter how long the 
blending process last, or how much power the process delivers: the interactions between 
platelets will form again in the polymer melt when the nanofiller concentration is above 
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Vf
c. This situation is even worsened by the fact that the platelets are initially all 
agglomerated (A0/Ap → 0). 
Therefore, we need to correct our assumption relative to the highest reachable nanofiller-
matrix interface: in Equation 4.7, we cannot use the difference (Ap – Ac(t)), but (Amax – 
Ac(t)), where Amax is the maximum nanofiller-matrix contact area allowed by a certain 
nanofiller volume fraction above Vf
c. We can find an expression for Amax as a function of 
Vf in the same way we did it for the nanofiller-matrix contact area in a solution-mixing 
process: 𝐴𝑝𝑒
−𝑠(𝑉𝑓−𝑉𝑓
𝑐)
2
, so Dm-b becomes the following: 
𝐷𝑚−𝑏(𝑡, 𝑉𝑓) =
{
 
 
 
 1 − (1 −
𝐴0
𝐴𝑝
)𝑒−𝐼∙𝑡 for 𝑉𝑓 ≤ 𝑉𝑓
𝑐
𝑒−𝑠(𝑉𝑓−𝑉𝑓
𝑐)
2
− (𝑒
−𝑠(𝑉𝑓−𝑉𝑓
𝑐)
2
−
𝐴0
𝐴𝑝
)𝑒−𝐼∙𝑡 for 𝑉𝑓 > 𝑉𝑓
𝑐
 
 
Equation 4.10 
Consequently, the best dispersion level obtainable in melt blended nanocomposites 
processed for a time t → ∞ is also defined by Equation 4.6. Figure 4.2b shows the effect 
of Vf and s on Dm-b as a function of processing time. When Vf is close to Vf
c, it does not 
matter how fast the nanofiller could agglomerate (parameter s), the dispersion level 
always reaches a plateau close to 1 during processing. But when Vf >> Vf
c, then s plays 
a crucial role, and the plateau of Dm-b results much smaller than 1. Again, this means that 
nanofillers with high ξ give the highest reinforcements, but also the smallest Vf
c, so it is 
impossible to well disperse them in high concentrations. 
4.3 Representation of a graphene distribution state 
To understand how the distribution of graphene affects the microstructure, hence the 
properties of nanocomposites, we need to introduce some parameters able to describe 
the distribution state of graphene. First, we divide the volume of a nanocomposite into 
two zones: a graphene-rich zone and a graphene-poor zone, with the latter one 
surrounding the first one (Figure 4.3b). Then, we denote the volume fraction of the 
graphene-rich zone as Vg (so the volume fraction of the graphene-poor zone is 1-Vg) and 
the fraction of the graphene sheets inside the graphene-rich zone out of the total number 
of graphene sheets as g (so the fraction of platelets in the graphene-poor zone is 1-g). 
Consequently, the concentration of graphene inside the graphene-rich zone is the 
following: 
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𝑉𝑓𝑔 =
𝑔
𝑉𝑔
𝑉𝑓 
Equation 4.11 
and the graphene concentration inside the graphene-poor zone: 
𝑉𝑓𝑝 =
(1 − 𝑔)
(1 − 𝑉𝑔)
𝑉𝑓 
Equation 4.12 
From these equations, it follows that the volume fraction of the graphene-rich zone varies 
within the range 𝑔𝑉𝑓 ≤ 𝑉𝑔 ≤ 𝑔, and the fraction of graphene inside the graphene-rich 
zone within 𝑉𝑔 ≤ 𝑔 ≤ 1. Figure 4.3c shows the effect of the parameter g on a 
nanocomposite microstructure, whereas Figure 4.3d the effect of Vg. When Vg = g, the 
distribution results homogeneous. 
 
Figure 4.3 Representation of different graphene distribution states inside nanocomposites. (a) 
Homogeneous distribution. (b) Inhomogeneous distribution, and partition of a nanocomposite volume into 
one graphene-rich zone, and one graphene-poor zone. (c) Effect on the microstructure of the percentage of 
graphene sheets distributed inside the graphene-rich zone (parameter g). (d) Effect on the microstructure of 
the volume fraction of the graphene-rich zone (parameter Vg). 
Note that when Vg > g, we have an inverted microstructure: the graphene-poor zone is 
surrounded by the graphene-rich zone, thus Vg will denote the volume fraction of the 
graphene-poor zone and g the percentage of graphene sheets inside the graphene-poor 
zone. We will not consider such situation. 
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The graphene-rich zone is not just one ellipsoidal volume as one may think by looking at 
Figure 4.3, but it consists of many graphene-rich volumes distributed all over the 
nanocomposite with an average aspect-ratio ξg, average lateral size lg, average thickness 
tg, and average orientation ηog. Therefore, a distribution can result homogeneous not only 
when g/Vg = 1, but also when g/Vg = 1/Vf if lg → L (average graphene sheets lateral size) 
and tg → t (average graphene thickness). In this case, the graphene-rich volumes are 
exactly the graphene platelets themselves. If a system approaches this situation where 
Vg → gVf, we can represent the degree of inhomogeneity of its graphene distribution with 
the ratios lg/L, tg/t and ξf/ξg. The lg/L and tg/t ratios should always have values ≥ 1, unless 
the platelets are buckled or rolled up. 
To understand how a graphene distribution changes with the amount of graphene, we 
need to find some expressions for g and Vg as a function of Vf. We can suppose that the 
variation of g with Vf is influenced by the following aspects: 
• Variation of graphene amount ΔVf; 
• A proportional factor αg that describes how fast g increases with Vf; 
• Difference Vf
max – Vf, as when graphene reaches the maximum volume that can 
physically occupy, g becomes 1 and cannot further increase (when graphene is 
2D randomly oriented, Vf
max = π/4); 
• Actual value of g, because if two systems have the same αg but different gi at a 
certain Vfi, then, once a nanofiller amount of ΔVf has been added to them, the 
observed increment of g will result higher for the system that had a higher gi. 
This means that we need to solve the equation 𝜕𝑔 = 𝜕𝑉𝑓 ∙ 𝛼𝑔 ∙ (𝑉𝑓
𝑚𝑎𝑥 − 𝑉𝑓) ∙ 𝑔. As we 
know that when Vf = Vf
max, g becomes 1, and supposing to know the value g0 when Vf → 
0, we can find the following expression: 
𝑔(𝑉𝑓) = 𝑔0
(1−
𝑉𝑓
𝑉𝑓
𝑚𝑎𝑥)
2
 
Equation 4.13 
Regarding Vg, we could assume that its variation with Vf depends on these factors: 
• Variation of graphene amount ΔVf; 
• A proportional factor βg that describes how fast Vg increases with Vf; 
• Difference Vg – gVf, as Vg cannot be smaller than gVf. We could call the product 
gVf as Vg
min; 
• Difference g – Vg, as Vg cannot be higher than g. 
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Again, we need to solve a differential equation: 𝜕𝑉𝑔 = 𝜕𝑉𝑓 ∙ 𝛽𝑔 ∙ (𝑉𝑔 − 𝑉𝑔
𝑚𝑖𝑛) ∙ (𝑔 − 𝑉𝑔). 
Supposing to know the value Vg0 when Vf → 0, we obtain the following expression: 
𝑉𝑔(𝑉𝑓) = 𝑔(𝑉𝑓) ∙
𝑉𝑓 + 𝑒𝑥𝑝
(
 𝑔(𝑉𝑓) ∙ (1 − 𝑉𝑓) ∙ (𝛽𝑔𝑉𝑓 +
1
𝑔𝑜
ln
1
𝑔0
𝑉𝑔0
− 1
)
)
 
1 + 𝑒𝑥𝑝
(
 𝑔(𝑉𝑓) ∙ (1 − 𝑉𝑓) ∙ (𝛽𝑔𝑉𝑓 +
1
𝑔𝑜
ln
1
𝑔0
𝑉𝑔0
− 1
)
)
 
 
 
 
Equation 4.14 
Figure 4.4a shows an example of how g and Vg increases with the overall graphene 
concentration. In general, when the Vg curve is close to the g curve, the compactness of 
graphene inside the agglomerates is the most loose and the overall graphene distribution 
results always homogeneous; whereas when the Vg curve is close to the Vg
min curve, the 
tightness of graphene inside the agglomerates is the densest and the graphene 
distribution becomes homogeneous only if lg/L = tg/t = ξf/ξg = 1. 
 
Figure 4.4 Distribution parameters as a function of the overall graphene concentration in the 
nanocomposite Vf. (a) g, Vg and Vgmin(=gVf) as a function of Vf. (b) Graphene concentration inside the 
graphene-rich zone as a function of Vf. 
The g0/Vg0 ratio seems to have a big influence on Vg: if it is close to 1, it does not matter 
how small βg (the increasing rate of Vg with Vf) is, the Vg curve will always result close to 
g for any Vf. Figure 4.4b shows that g0/Vg0 has also an effect on the concentration of 
graphene inside the graphene-rich zone: when g0/Vg0 is low (i.e. very loose platelets 
inside the graphene-rich zone), Vfg increases almost linearly with the overall graphene 
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concentration. On the contrary, when g0/Vg0 is very high (dense number of platelets 
inside the graphene-rich zone), Vfg increases rapidly with Vf until reaches a plateau. 
Using this graphene distribution model and the GRoM (or the Halpin-Tsai model), we 
can then describe any mechanical property Pc of a nanocomposite affected by 
inhomogeneous graphene distribution:
𝑃𝑐 = 𝜂𝑜𝑔𝜂𝐿𝑔𝑃𝑔𝑉𝑔 + 𝑃𝑝(1 − 𝑉𝑔) with {
𝑃𝑔 = 𝜂𝑜𝜂𝐿𝑃𝑓𝑉𝑓𝑔 + 𝑃𝑚(1 − 𝑉𝑓𝑔)
𝑃𝑝 = 𝜂𝑜𝜂𝐿𝑝𝑃𝑓𝑉𝑓𝑝 + 𝑃𝑚(1 − 𝑉𝑓𝑝)
 
Equation 4.15 
where Pg and Pp are the properties of the graphene-rich and graphene-poor zones, 
respectively. Pf and Pm are the properties of graphene and polymer matrix. 
In the following sections we will see in detail the cases of mechanical reinforcement and 
electrical conductivity affected by different graphene distribution states. 
4.3.1 Graphene distribution effect on nanocomposite mechanical properties 
When P = E (elastic modulus), we can use Equation 4.15 to describe the mechanical 
properties of nanocomposites affected by inhomogeneous nanofiller distributions. Note 
that the absolute dimensions of the graphene-rich volumes and those of GNP are not 
important for the mechanical properties: what really matter is their aspect-ratios. 
Kalaitzidou et al. prepared by melt-mixing nanocomposites of polypropylene (PP) and 
GNP using high and low aspect-ratio GNP [35]. Unexpectedly, they found that the 
reinforcement of high aspect-ratio GNP was much lower than that of low aspect-ratio 
GNP. Indeed, the nanocomposites with high aspect-ratio GNP had more agglomerates 
and contained more buckled and rolled up platelets. The left panels of Figure 4.5a,b 
present the reinforcement found in these two types of nanocomposites together with 
fitting lines (in red) of Equation 4.15. In both cases, the data are fitted keeping g fixed at 
100% to find the best fitting values for the other parameters of the distribution model. 
Interestingly, both fittings give low values of Vg0, meaning that the agglomerates (i.e. the 
graphene-rich volumes) are dense. Thus ξf/ξg ratio can be used to indicate the degree of 
inhomogeneity of the graphene distributions. It results higher for the nanocomposites 
with high aspect-ratio graphene (175 vs. 4), meaning that there is a larger number of 
platelets per aggregate. Moreover, Vg0 and βg are greater for nanocomposites containing 
high aspect-ratio GNP (Figure 4.5a), denoting looser agglomerates occupying bigger 
spaces, probably because high aspect-ratio GNP are more prone to fold and roll. 
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Figure 4.5 Effect of nanofiller distribution and dispersion on nanocomposite mechanical properties. 
(a) Mechanical properties of GNP/PP nanocomposites containing high aspect-ratio GNP (left panel); 
evaluation of the distribution parameters as a function of Vf (right panel). (b) Mechanical properties of 
GNP/PP nanocomposites containing low aspect-ratio GNP (left panel); evaluation of the distribution 
parameters as a function of Vf (right panel). (c - d) Mechanical properties of GNP/PVA and BN/PVA 
nanocomposites. 
The green lines in the right graphs in Figure 4.5a,b simulate how the volume of the 
graphene agglomerates increases with the overall graphene concentration inside these 
nanocomposites. Note that the Vg curve for nanocomposites with low aspect-ratio GNP 
increases linearly with Vf (i.e. Vg → gVf = Vf), meaning that each agglomerate tends to 
be made of only few (ξf/ξg is close to 1) compacted platelets. This feature is also 
confirmed by the simulation curves of the local graphene concentration inside the 
aggregates (magenta curves in the right graphs of Figure 4.5a,b). Indeed, Vfg increases 
rapidly inside the agglomerates of low aspect-ratio graphene nanocomposites, while Vfg 
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of high aspect-ratio graphene increases slower because the volume of the aggregates 
is bigger. These observations are in good agreement with the microstructural analysis of 
ref. [35]. Eventually, the agglomerates of low aspect-ratio graphene have a bigger 
aspect-ratio than the agglomerates of high aspect-ratio graphene (22.9 vs. 8.57), which 
gives a better reinforcement effect. 
It is important to note that the red fitting curves in Figure 4.5a,b are based on the 
assumption that there is a perfect stress-transfer from polymer to GNP even inside the 
agglomerates. However, this might not be true, and the platelets deep inside the 
agglomerates may not be able to bear the external load. Therefore, we used the effective 
volume fraction (Equation 4.1, with D defined by Equation 4.6) only for the graphene-rich 
zone and fitted the data again (blue curves of Figure 4.5a,b). The data are even better 
explained by this combined dispersion and distribution model, and we observe that the 
high aspect-ratio platelets inside the agglomerates are affected by a worse stress-
transfer from the matrix (parameter s = 236, vs 5.59 for low aspect-ratio graphene). We 
point out that these data cannot be fit by the dispersion model alone, so the effect of 
graphene distribution is dominant for these nanocomposites. 
Lastly, we can fit again the reinforcement data of GNP/PVA [34] and BN/PVA 
nanocomposites [155] prepared by solution-mixing presented before, this time using the 
distribution model. The red lines of Figure 4.5c,d show that Equation 4.15 can interpret 
the data well only before the drop of the reinforcing efficiency observed for 
nanocomposites with Vf ≥ Vf
c. From these fitting lines we find that the microstructures of 
these nanocomposites must have an almost homogeneous nanofiller distribution with a 
very few and compacted platelets per aggregate, as indicated by the ξf/ξg ratios close to 
1 and low values of Vg0. These observations are again in agreement with what reported 
by the authors. When we combine the distribution model with the dispersion model, we 
can finally explain the experimental data. The blue fitting lines in Figure 4.5c,d reveal 
that there is a poor stress-transfer to the platelets when their concentration is above Vf
c 
inside very small agglomerates. Once again, the nanocomposites with high aspect-ratios 
have the lowest stress-transfer efficiency inside the agglomerates: s = 2523 for GNP (ξf 
= 1920), while for BN (ξf = 1400) s = 69. 
In conclusion, our distribution model has been proven to be a powerful tool to understand 
how the microstructure of nanocomposites affect the mechanical properties. It can 
describe the observed experimental data from nanocomposites with different nanofiller 
distribution states and prepared with different techniques. Combined with the dispersion 
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model, the distribution model is able to explain the mechanical data of a variety of 
nanocomposites affected by nanofiller agglomeration. 
4.4 Conclusion 
The dispersion of graphene, here defined as the percentage of graphene surface area 
in contact with the polymer matrix, is the major challenge for obtaining mechanically 
performing nanocomposites. Unfortunately, the dispersion worsens with the 
concentration and aspect-ratio of graphene, resulting in nanocomposites with poor 
stress-transfer from matrix to nanofiller especially when the nanofiller concentration is 
higher than the critical volume fraction at which rigidity percolation occurs. 
The distribution of graphene, here defined as the spatial organisation of graphene in 
terms of percentage of graphene sheets that are agglomerated and how dense they are 
packed inside the agglomerates, is detrimental to the nanocomposite mechanical 
properties as well. 
The analytical expressions of the models here developed to treat the dispersion 
(Equation 4.1) and distribution of graphene (Equation 4.11 and Equation 4.12) are simple 
and could be used by a broad scientific community to describe the mechanical properties 
of nanocomposites affected by nanofiller agglomeration. 
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Chapter 5.  
 
Effect of nanofiller distribution on the electrical 
properties of nanocomposites 
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5.1 Introduction 
In the previous chapter, the mechanical properties of nanocomposites affected by 
nanofiller agglomeration have been predicted using the dispersion and the distribution 
models. It has also been explained why the electrical conductivity of these 
nanocomposites is mainly affected by the nanofiller distribution, rather than the nanofiller 
dispersion state. In this chapter, the same model used previously to describe the 
nanofiller distribution is used to study the effect of nanofiller agglomeration on the 
electrical conductivity of nanocomposites. The conductivity model here developed shows 
how the percolation threshold depends on the aspect-ratio of the agglomerates. The 
second part of this chapter presents some nanocomposites prepared by spray-assisted 
Layer-by-Layer (sa-LbL) with tailored levels of graphene distributions. The experimental 
results validate the developed conductivity model and indicate the way toward 
nanocomposites with ultra-low electrical percolation thresholds. 
5.2 Modelling of graphene distribution effect on nanocomposite electrical 
conductivity 
If we want to use Equation 4.15 to model the effect of graphene distribution on the 
electrical properties of nanocomposites, ones may argue that this is not possible 
because the electrical conductivity does not follow the rule of mixtures, but the 
percolation theory (Equation 2.12). Indeed, electrical conduction in graphene 
nanocomposites is based on electron hopping from one platelet to another when the 
platelets are close enough to each other, i.e. when the graphene volume fraction is 
higher than a critical value. 
Some studies [70] suggest that this critical volume fraction may be slightly higher than 
Vf
c that we have used previously (Equation 4.3) and dependent on the orientation of the 
graphene sheets (see Equation 2.13 and Equation 2.14). Li et al. [157] explained how 
the percolation threshold of CNT nanocomposites is also affected by the degree of CNT 
entanglement. They demonstrated that when the aspect-ratio of CNT increases, the 
percolation threshold decreases rapidly, as we would expect. But they also found that 
there is a critical CNT aspect ratio above which the degree of CNT entanglement 
becomes crucial, so the percolation threshold reaches a plateau for higher CNT aspect-
ratios (Figure 5.1a). The only way to further reduce the percolation threshold would be 
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to disentangle the CNT. To model the effect of CNT entanglement on the percolation 
threshold, they introduced two parameters: one that describes how tight the 
entanglement is (which could be done also by the g/Vg and ξf/ξg ratios of our distribution 
model), and another one that represents the fraction of CNT that are entangled (which 
could also be represented by the parameter g of our distribution model). The smaller 
these parameters, the more disentangled the CNT are, and the smaller the percolation 
threshold results. However, their model accounts for the effect of CNT entanglement only 
on the percolation threshold, and not on the overall conductivity of nanocomposites at 
different Vf. 
 
Figure 5.1 Literature models for the effect of nanofiller distribution on nanocomposite electrical 
properties. (a) Effect of aspect-ratio on the percolation threshold of CNT-reinforced polymer nanocomposites 
with varying distribution states [157]. Parameter ε describes how tight the CNT entanglements are, while ξ 
the fraction of CNT that are entangled. (b) Contributions of the conductivity of the graphene-rich region (blue 
line) and graphene-poor region (green line) on the overall nanocomposite conductivity (red line) based on 
the model of ref. [72]. 
Wang et al. [72] presented an electrical conductivity model based on the continuum 
theory that takes into account the effects of nanofiller agglomeration, imperfect 
nanofiller/matrix interface, and electron tunnelling. In their model, the nanofiller 
agglomeration was described using an approach really similar to the one introduced 
within this thesis. They used three parameters to identify the percentage of nanofiller that 
is agglomerated, the density of the agglomerates and their aspect-ratio. Their model 
proved that graphene must be completely agglomerated into elongated agglomerates to 
decrease the percolation threshold. However, it is more difficult to visualise the effects 
of their distribution parameters on a nanocomposite conductivity. Moreover, the 
conductivity curves that they obtain are somehow unrealistic around the percolation 
threshold (Figure 5.1b) as they appear to be perfectly vertical when Vf = Vfc. However, 
the biggest concern about their model is that the formula for the nanocomposite electrical 
conductivity is implicit, which is difficult to be handled by a broad scientific community. 
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Here we show that the rule of mixtures (or the Halpin-Tsai model), if properly modified to 
consider the electron hopping effect, can describe also the electrical conductivity of 
nanocomposites. In this way, we can use our distribution model to explain the effect of 
graphene agglomerates on the electrical conductivity, and how to take advantage of 
them. 
5.2.1 Modelling the electron tunnelling phenomenon in nanocomposite electrical 
conductivity 
We consider the electron hopping effect as a factor that changes the conductivity of the 
polymer matrix σm. This means that when electron hopping occurs, the polymer matrix 
conductivity results increased up to a value σh. We can assume that the variation of the 
polymer conductivity with the nanofiller concentration (i.e. with the electron hopping 
effect) depends on these aspects: 
• Variation of graphene amount ΔVf; 
• A proportional factor h that describes how fast σh increases with Vf; 
• Difference Vf – Vf
c, as when the concentration of graphene is below Vf
c, the matrix 
conductivity remains constant and equal to σm; 
• Difference σf – σh, because the matrix conductivity cannot increase to values 
greater than then nanofiller conductivity. 
These assumptions are represented by the differential equation 𝜕𝜎ℎ = 𝜕𝑉𝑓 ∙ ℎ ∙
(𝑉𝑓 − 𝑉𝑓
𝑐) ∙ (𝜎𝑓 − 𝜎ℎ). As we know that σh = σm when Vf = Vf
c, we obtain the following 
expression: 
𝜎ℎ(𝑉𝑓) = {
𝜎𝑚 for 𝑉𝑓 ≤ 𝑉𝑓
𝑐
𝜎𝑓 − (𝜎𝑓 − 𝜎𝑚)𝑒
−ℎ(𝑉𝑓−𝑉𝑓
𝑐)
2
for 𝑉𝑓 > 𝑉𝑓
𝑐
 
 
Equation 5.1 
Figure 5.2a depicts the matrix conductivity as a function of Vf for different hopping rates 
(parameter h). 
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Figure 5.2 Predictions of electrical conductivities affected by electron hopping. (a) Electrical 
conductivity of polymer matrix as a function of Vf. (b) Comparison between nanocomposite electrical 
conductivities predicted by the percolation theory and by our model. 
Now if we replace σm with σh(Vf) inside the GRoM or the Halpin-Tsai model, we can 
predict the nanocomposite electrical conductivity. The black and red lines in Figure 5.2b 
simulate the conductivity of nanocomposites containing homogeneously and 2D-
randomly distributed graphene platelets with an aspect-ratio ξf = 10, using the Halpin-
Tsai and the GRoM models. For consistency, Vf
c was calculated using Equation 4.3. The 
blue line of the same graph represents the conductivity based on the percolation theory 
for the same type of nanocomposites. The similarity of these three curves is impressive, 
but there are some differences. First, the percolation theory cannot describe the 
nanocomposite conductivity when Vf ≤ Vf
c. This can be done by the GRoM and the H.-
T., despite these two models do not have exactly the same trend within this region. 
Second, when Vf is slightly above Vf
c, the H.-T. prediction is closer to the percolation 
theory. This is due to fact that the GRoM considers the Poisson’s ratio (Equation 2.5), 
while the H.-T. does not. The physical meaning of the Poisson’s ratio in terms of electrical 
properties is unclear, however, if we use different values for this coefficient, then the 
GRoM predictions can result much closer to those of the H.-T or percolation theory. 
In Figure 5.2b we have also simulated the conductivity of the same nanocomposites 
when the graphene platelets are 3D-randomly oriented (curve in magenta colour), using 
the GRoM with an orientation parameter ηo = 0.533. In this case, the value used for the 
percolation threshold was Vf
c/ηo. Once again, the GRoM predictions are close to those 
of the percolation theory for 3D randomly oriented platelets (curve in light blue colour). 
Since our conductivity model seems to be reliable as it gives similar predictions of the 
well-established percolation theory, we can use it in combination with our distribution 
model (Equation 4.15) to describe the electrical properties of nanocomposites containing 
graphene agglomerates. 
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5.2.2 Nanocomposite electrical conductivity affected by graphene 
agglomeration 
Tkalya et al. [71] prepared by solution mixing/compression moulding four types of 
polystyrene nanocomposites containing graphene with different polydispersity (i.e. the 
distribution of thickness and diameter, Figure 5.3a) and arranged in different spatial 
distributions caused by thermodynamic instabilities. They used a model based on a 
connectivity percolation theory [158] able to consider the effect of graphene 
polydispersity to calculate theoretical percolation thresholds and compare these values 
with the experimental results. Despite the trend of the theoretical model seems to follow 
the experimental one, the values do not match very well, probably because the effect of 
graphene agglomeration is not considered by the model. 
To see the effect of graphene agglomeration on the electrical conductivity of their 
nanocomposites (Figure 5.3b), the average aspect-ratio ξf of each type of graphene that 
they used must be identified first, as it was not reported. They prepared three types of 
aqueous graphene dispersions using sonication: dispersions A, A-LC (lower 
concentration of graphene inside the solution), and A-HE (solution sonicated with higher 
energy). The fourth graphene dispersion, dispersion B, was obtained by liquid-phase 
exfoliation. From the TEM observations, the graphene sheets from dispersions A and A-
LC have the widest lateral size: 0.25 – 1 µm. Graphene A-HC has a slightly smaller 
lateral size in the range 0.2 – 0.5 µm, whereas graphene B contains the smallest 
platelets: 0.1 – 0.2 µm. The average thickness of the platelets could be guessed by 
spectroscopy data. Raman and UV-Vis spectroscopies revealed that graphene B is the 
most exfoliated, defect-free, and stable inside the solution. Thus, we could assign an 
average thickness within the range 1 – 2 nm. Taking this range as reference and looking 
at the UV-vis spectra recorded over time, we could guess a thickness of 1.5 – 3 nm for 
both graphene A and A-LC (with the thickness of A-LC close to the upper limit of this 
range), and 1.3 – 2.5 nm for graphene A-HC. From these considerations, we can 
establish the following average aspect-ratios: 375 for graphene A, 300 for graphene A-
LC, 230 for graphene A-HC, and 125 for graphene B. Plohen and Liu [159] have proved 
a linear correlation between the mean aspect ratio measured by AFM and the effective 
particle diameter measured by dynamic light scattering. As our estimations of ξf are in 
good agreements with the average effective hydrodynamic diameters obtained from 
dynamic light scattering (Figure 5.3a), we can conclude that our calculated values are 
about right. 
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Figure 5.3 Electrical conductivity of nanocomposites containing graphene agglomerates; data from 
ref. [71]. (a) Dynamic light scattering data of the size distributions of aqueous graphene dispersions A, A-
LC, A-HE, and B used to prepare the nanocomposites. (b) Electrical conductivity of the nanocomposites 
together with fitting lines of our conductivity model that considers the effect of graphene agglomeration. 
Using these ξf inside Equation 4.3, we find that the theoretical percolation thresholds for 
these nanocomposites are < 0.4 vol.%, much lower than the experimental ones. This 
discrepancy might be due to graphene agglomeration, which was proved in ref. [71] to 
be a very likely phenomenon especially for graphene A and A-LC. We can fit the electrical 
conductivities of these nanocomposites (Figure 5.3b) using our distribution model 
(Equation 4.15) with the hopping conductivities (Equation 5.1). Note that we have three 
possible electron tunnelling phenomena: one inside the graphene agglomerates, one 
among the graphene sheets in the graphene-poor region, and one between the 
agglomerates. Therefore, the percolation threshold of a nanocomposite is due either to 
electron tunnelling between the graphene sheets in the graphene-poor region, or to 
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electron tunnelling between the agglomerates. If graphene is highly agglomerated 
already at really low volume fractions (g0 → 100%) or if the aspect-ratio of the 
agglomerates is higher than ξf (which is quite unlikely for compression moulded samples 
like these), then the percolation threshold is due to electron tunnelling between the 
agglomerates, and vice-versa. To avoid to over-parameterise the fittings, we fix the 
conductivities of graphene and matrix to 1∙106 S/cm and 1∙10-14 S/cm respectively. We 
also assume that the hopping rate is relatively high inside the agglomerates (h = 1) 
because the graphene sheets must be highly dense inside them (Vg0 = 0.001%) and they 
will always be (βg = 0), and both the orientations of graphene and agglomerates remain 
planar (ηo = 1). In this way, we can change four parameters to fit the data of Figure 5.3b: 
the aspect-ratio of the agglomerates (ξg), the initial percentage of graphene sheets that 
are agglomerated (g0), the hopping rate between the graphene sheets inside the 
graphene-poor region (hp), and the hopping rate between the agglomerates (hg). 
Table 5.1 Fitting parameters used in Figure 5.3b. 
 ξf ξg g0 (%) hp (× 10-7) hg (× 10-5) 
A 375 208 55 1 6 
A-LC 300 185 55 3 15 
A-HE 230 167 54.1 0.6 2.5 
B 125 125 44.2 0.03 3 
 
Table 5.1 reports the values used in each fitting line of Figure 5.3b. The parameters g0 
and the ratios ξf/ξg tell us that the most homogeneous microstructure is the one of 
nanocomposites with graphene B, in agreement with the findings of Tkalya et al. [71]. 
Interestingly, the hopping rate between the agglomerates is similar for all types of 
nanocomposites (hg ≈ 6∙10-5) and the hopping rate between the non-agglomerated 
graphene sheets is not only much smaller than hg but it also seems to strongly depend 
on the aspect-ratio of graphene. Note that the kink of the fitting lines is due the 
percolation of the agglomerates that happens after the percolation of non-agglomerated 
graphene sheets. 
In conclusion, the distribution model modified to consider the hopping-effect can well 
describe the electrical conductivity of nanocomposites affected by graphene 
agglomeration. This model is also a powerful tool for materials design because it can 
show that nanocomposites containing agglomerates could present higher conductivities 
and lower percolation thresholds than homogeneous nanocomposites if ξf/ξg < 1 because 
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hg is generally > hp. Such microstructures could be prepared by particular preparation 
techniques such as the Layer-by-Layer, or by heat treatments of nanocomposites 
because this will lead to ξf/ξg ratios to become smaller and smaller over time, as already 
demonstrated by our group [160–162]. 
5.3 Toward nanocomposites with ultra-low electrical percolation 
thresholds: PVA/RGO nanocomposites prepared by sa-LbL 
Based on our conductivity model of nanocomposites affected by graphene 
agglomeration (Equation 4.15 with Equation 5.1), it is desirable to introduce graphene 
agglomerates with aspect-ratios higher than that of individual graphene sheets, so to 
decrease the electrical percolation threshold and enhance the conductivity. When ξg → 
∞, the enhancement should be the highest. Freeze-casting graphene suspensions and 
infiltration of the resulting foams with polymers may produce such “infinitely” long 
agglomerates. Using this approach, D’Elia et al. [136] have prepared nanocomposites of 
PDMS and reduced graphene oxide (RGO) with conductivities as high as 0.9 S/cm at 
RGO loadings <1 wt.%, whereas the same starting materials gave insulating 
nanocomposites when blended by traditional solution mixing even when the RGO 
concentration was as high as 10 wt.%. Wang et al. [163] have demonstrated that with 
the same method it is possible to obtain nanocomposites of RGO and epoxy resin with 
an incredibly low electrical percolation threshold of 0.007 vol.%. 
We wonder whether it is possible to control the shapes of the agglomerates and the 
concentration of the graphene sheets inside them to experimentally prove our 
conductivity model and pave the way toward ultra-low electrical percolated 
nanocomposites. 
5.3.1 Electrical conductivity of PVA/RGO nanocomposites 
A range of reference PVA/RGO nanocomposites (Figure 5.4) have been prepared by 
solution mixing followed by spraying deposition and thermal treatment to reduce GO into 
RGO. 
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Figure 5.4 PVA/RGO nanocomposite films. (a) Optical pictures of a film before (picture on top) and 
after (bottom picture) thermal treatment. (b) Series of films containing 0, 0.008, 0.04, 0.2, 1 and 5.3 vol.% 
RGO. The films are ~ 20 µm thick. 
A way to induce agglomerates is by diluting the initial GO suspension in tap water instead 
of deionised water, as depicted in Figure 5.5. Therefore, when the PVA/GO solutions are 
sprayed on top of the glass substrates, the agglomerates should have an unfolded 
morphology within the forming nanocomposites. 
 
Figure 5.5 Pictures of GO suspensions. (a) Clear suspension in deionised water. (b) Suspension with 
GO agglomerates in tap water. 
Figure 5.6 presents the electrical conductivities of these nanocomposites as a function 
of RGO loading. As the initial GO has an aspect-ratio of ~ 1000 (obtained from AFM 
measurements), we expect to find a percolation threshold close to 0.15 vol.% if the RGO 
was homogeneously distributed and well dispersed inside the matrix. However, the range 
of reference PVA/RGO samples has a percolation threshold around 0.3 vol.%, meaning 
that a slight agglomeration happens in these samples. Fitting these data with our 
conductivity model in a similar way as done in Figure 5.3, we find an initial percentage 
of agglomerated RGO g0 = 47%, a ξf/ξg ratio of 9.05, a hopping rate between the 
107 
 
dispersed RGO sheets hp = 8.2∙10-7, and a much lower hopping rate between the 
agglomerates hg = 1.4∙10-46. This means that these agglomerates do not bring any 
contribution to the conductivity of the nanocomposite. 
 
Figure 5.6 Electrical conductivities of PVA/RGO nanocomposites prepared in distilled water and in 
tap water (i.e. with induced agglomerates) together with fitting lines of Equation 4.15 with Equation 5.1. 
The nanocomposites with induced agglomerates, instead, present a lower percolation 
threshold that is close to 0.1 vol.%. In this case, the agglomerates have a beneficial effect 
on the nanocomposite conductivity. From the data fitting, we find g0 = 98%, ξf/ξg = 0.22, 
hp = 7.5∙10-13, and hg = 1.4∙10-10. This proves the fact that agglomerates with an aspect-
ratio larger than that of individual nanoparticles can induce lower percolation thresholds 
and higher conductivities. 
With sa-LbL technique we can further investigate the effects of the agglomerates. 
5.3.2 Electrical conductivity of PVA/RGO nanocomposites with tailor induced 
RGO agglomerates 
The advantage of the sa-LbL is that we can prepare layered nanocomposites with 
tailored microstructures. To investigate the effects of parameters g, Vg and ξg (see 
section 4.3) on the electrical conductivity, we have prepared nanocomposites with 
graphene-poor and graphene-rich layers. 
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5.3.2.1 Conductivity of PVA + 1 vol.% RGO nanocomposites with variable density of 
RGO inside layered agglomerates 
The effect of decreasing Vg when g = 100 % and Vf = 1 vol.% has been obtained with a 
series of nanocomposites containing 10 graphene-rich layers embedded inside 11 
polymer layers. The graphene-rich layers represent the agglomerates, and their volume 
fraction Vg has been changed from 100 to 21, 5, 2, 1 vol.%. Consequently, the density 
of RGO inside the agglomerates, Vfg, ranges from 1 to 100 vol.%. The aspect-ratio of the 
agglomerates should tend to ∞ because the agglomerates are represented by 
continuous layers. However, some local defects always occur during the deposition of 
the layers, and more the thickness of the layers reduces, the more the defects play a 
crucial role. Therefore, we have also prepared a series of samples with the same range 
of Vg and Vfg with only one graphene-rich layer embedded within two polymer films. 
Figure 5.7 shows the conductivities of the samples. The series prepared with one 
graphene-rich layer presents higher values because ξg → ∞ as the probability of 
containing defects is lower. When the volume fraction of the agglomerates is 100 %, the 
distribution of RGO is actually homogeneous and there are no polymer layers. When Vg 
→ 0, the density of RGO inside the agglomerates is maximum, so Vfg → 100 vol.% (as 
indicated on the top axis in Figure 5.7) and the RGO distribution is the most 
inhomogeneous, which reflects in a conductivity enhancement. 
 
Figure 5.7 Conductivity of PVA + 1 vol.% RGO nanocomposites as a function of agglomerate volume 
fraction or RGO density inside the agglomerates. 
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5.3.2.2 Conductivity of PVA + 1 vol.% RGO nanocomposites with variable aspect-ratios 
of agglomerates 
The effect of increasing ξg from ξf to ∞ for microstructures with g = 100 %, Vfg = 100 vol.% 
and Vf = 1 vol.% has been obtained with a series of nanocomposites containing 100, 10 
and 1 RGO layers interspersed with PVA layers. As pointed out earlier, the thickness of 
the graphene-rich layers is affected by defects. The thinner the layers are and the more 
influence the defects have, so the smaller ξg appears to be. When the number of RGO 
layers increases, the thickness of each layer and ξg decrease. The extreme case is 
represented by an infinite number of layers, where the thickness of each layer must be 
equal to the thickness of individual RGO sheets, and also ξg → ξf. Summarising, when 
the number of RGO layers → ∞ then ξf/ξg → 1, and when the layers number decreases 
to 1 then ξf/ξg → 0. 
Figure 5.8 shows how the conductivity of these samples increases linearly with the 
decrease of number of layers (in a log-log scale), i.e. with the inhomogeneity of RGO 
distribution. When the number of RGO layers → ∞, the conductivity of this series of 
nanocomposites must approach that of homogeneous nanocomposites (7∙10-7 S/cm), 
which is indicated by the dashed lined. The transition between homogeneous and 
inhomogeneous distribution seems to start between 200 and 400 RGO layers. 
 
Figure 5.8 Conductivity of PVA + 1 vol.% RGO nanocomposites as a function of agglomerates’ 
aspect-ratio, represented as number of RGO layers. 
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5.3.2.3 Conductivity of PVA/RGO nanocomposites with RGO highly packed inside 
agglomerates of infinite aspect-ratios 
The control of RGO distribution allowed by sa-LbL can be exploited for nanocomposites 
with high density RGO sheets (Vfg = 100 vol.%) inside infinite aspect-ratio agglomerates 
(i.e. one layer of RGO inside the film). Figure 5.9 reports the conductivity of these 
nanocomposites (blue coloured data), together with the conductivities of the samples 
presented initially. Note that despite the new nanocomposites contain highly packed 
agglomerates, they do not delaminate, and the films remain always consistent before 
and after the thermal treatment. 
 
Figure 5.9 Electrical conductivities of PVA/RGO nanocomposites with different types of RGO 
agglomerates, together with fitting lines of Equation 4.15 with Equation 5.1. 
The new data can be fitted by our conductivity model, with g0 = 100%, ξf/ξg = 0.009, hp = 
0 (there is no RGO in the polymer layers), hg = 0 (there is only one agglomerate that is 
continuous throughout each sample), and with a hopping rate within the agglomerate h 
= 3.6∙10-18. Such small h can be explained by the contact resistance between the edges 
of the films and the electrodes. What is interesting to note is that the electrical percolation 
of these nanocomposites is as low as 0.008 vol.%, which is really close to the value 
found by Wang et al. [163] for graphene foam/epoxy nanocomposites, despite the GO in 
our nanocomposites has been reduced with a mild thermal treatment. 
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5.4 Conclusion 
This chapter has shown from a theoretical perspective how the distribution of graphene, 
as defined in the previous chapter, could be beneficial for the electrical properties of 
nanocomposites when the aspect-ratios of the agglomerates are higher than the aspect-
ratio of graphene. This conductivity model for nanocomposites affected by graphene 
agglomeration (Equation 4.15 with Equation 5.1) has been validated in the second part 
of this chapter, where it has been experimentally proved that agglomerates with high 
aspect-ratios containing highly packed graphene sheets can dramatically decrease the 
percolation threshold and increase the conductivity of nanocomposites.  
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Chapter 6.  
 
Effect of nanofiller dispersion and distribution 
on the mechanical and electrical properties of 
LLDPE + 4.8 vol.% GNP nanocomposites 
prepared by Pressing-and-Folding 
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6.1 Introduction 
In this chapter we will present other direct experimental evidences of the effect of 
nanofiller agglomeration on nanocomposite properties. We have prepared a series of 
samples of LLDPE containing a fixed amount of GNP (4.8 vol.%), but with very different 
agglomeration states ranging from highly inhomogeneous distributions with bad 
dispersions to homogeneous distributions and optimum dispersions. We would expect 
to observe any nanocomposite property, P, to change with the nanofiller dispersion level 
(D-factor, Equation 4.1) as follow: 
𝑃(𝐷) ≈ 𝑃0 + (𝑃𝑡ℎ − 𝑃0) ∙ 𝐷 Equation 6.1 
where P0 is the property at D = 0 and Pth the expected value of the property when the 
nanofiller is perfectly dispersed (D = 1). As both the dispersion and the distribution of the 
platelets are improving in this series of samples, we could replace D inside Equation 6.1 
with the difference 1-g, i.e. the percentage of platelets that is not agglomerated but well 
distributed inside the graphene-poor region. We highlight that Equation 6.1 is valid when 
the agglomeration state of the nanofiller is the only parameter changing in the 
nanocomposites, and other factors, such as the nanofiller orientation, remain the same. 
We will show that this is the case for these nanocomposites prepared with the P&F 
technique, as their microstructures present always aligned GNPs with well-defined 
distribution and dispersion levels ranging from D ≈ 0 to D ≈ 1. Each sample has been 
prepared with a defined number n of P&F cycles. Because P&F is a melt-blending 
technique, the number n could be converted into dispersion level D using Equation 4.9 
where t is replaced by n. As illustrated by Figure 4.2b, if a nanofiller has a too high aspect-
ratio, then it would never be perfectly distributed if its amount is above Vf
c. Therefore, to 
be sure that we could prepare nanocomposites with D up to 100%, we have used GNP 
from expanded graphite ~30 nm thick (see next section and appendix 11.1) because 
thick particles usually have ξ << 1000 and a relatively high Vf
c. 
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6.2 GNP characterisation 
Figure 6.1 shows the SEM and AFM observations of the as received EG powder. The 
particles appeared to be irregularly shaped (Figure 6.1a), probably resulting from the 
aggregation of smaller sub-particles, as suggested by the observation in Figure 6.1b. 
 
Figure 6.1 Characterisation of the GNP used to prepare the P&F nanocomposites. (a-b) SEM images 
of EG powder. (c-d) Size distributions of the longest and shortest sides obtained from SEM measurements 
of 100 EG powder particles. (e) AFM image of an EG powder particle with the thickness profile of the 
highlighted AB line. (f) Thickness distribution obtained from AFM measurements of 20 EG powder particles. 
Parts c and d of Figure 6.1 show the size distributions of the longest (L) and shortest (W) 
sides of 100 EG powder particles. These distributions were fitted with a log-normal 
function [164], obtaining the following geometric mean values (that is, the median of each 
distribution) and geometric standard deviations (GSD): 𝐿 = 11.4 µm with GSDL = 1.3, and 
𝑊 = 7.8 µm with GSDW = 1.7. Note that the geometric coefficient of variation is 30% for 
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L, and 72% for W, meaning that the distribution of the shortest particle side is more 
broadened. Since most of the measured particles (63%) have a W/L ratio greater than 
0.5, the EG powder particles can be approximated to disc-like particles with a mean 
diameter 𝐷 = √𝐿𝑊 = 9.4 µm. The thickness distribution of the EG powder particles is 
shown in Figure 6.1f, and was fitted with a log-normal function, obtaining the following 
values: 𝑇 = 364 nm, GSDT = 1.6. The geometric coefficient of variation of T is high: 64%, 
mainly because of the low number of measurements (20), and the irregular thickness of 
each particle (see the thickness profile of the particle in Figure 6.1e), probably due to 
some folded sides, or different numbers of agglomerated sub-particles, as suggested 
before. 
The density of these EG powder particles cannot be measured, so the volume fractions 
occupied by these EG powder particles inside the nanocomposites cannot be calculated. 
However, the density of pure graphite, dG = 2.2 g/cm3 [165] can be attributed 
approximately. In this way, by using dG and the above-mentioned values of 𝐷 and 𝑇, it is 
possible to calculate a specific surface area of 
𝜋?̅?2 2⁄ +𝜋?̅??̅?
𝑑𝐺𝜋?̅?2?̅? 4⁄
= 2.7 m2/g for EG, which is 
much lower than the reported BET surface area (25 m2/g). This confirms the initial 
hypothesis that the observed EG powder particles are made of agglomerated sub-
particles (graphite nanoplatelets, GNP). 
The density and thickness of these sub-particles can be deduced from the XRD pattern 
of EG powder (Figure 11.1) [166]. The graphite (002) peak centred on 26.6° 2θ (see 
Table 11.1 for details of the XRD pattern) corresponds to an interlayer spacing of 0.335 
nm. This value is in good agreement with the d-spacing of bulk graphite [167–169], thus 
the density is the same one as for pure graphite. From the (002) peak, a thickness 𝑡 of 
~27 nm can also be calculated, which can be confirmed by the BET specific surface area 
(assuming that the lateral area of each particle is negligible because the particle diameter 
is much larger than the particle thickness): 𝑡 ≈ 2 (𝑑𝐺 ∙ 𝑆𝐵𝐸𝑇)⁄  = 36 nm. This is a clear 
evidence of the presence of GNP, and the GNP volume fractions inside nanocomposites 
can be certainly converted from the weight fractions by using the density of pure graphite, 
dG. 
It is possible to calculate the maximum effective Young’s modulus of the filler, EGNP
eff, 
from the value of the crystallographic thickness of GNP as suggested by Gong et al. 
(Equation 2.6) obtaining a value of ~65 GPa. This is reasonable if compared to the results 
of Krzesinska et al. [165], who studied the elastic modulus of expanded graphite powders 
with different porosities using ultrasound measurements, and found that the maximum 
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elastic modulus of completely compressed expanded graphite (without any porosity) is 
about 30 GPa. 
6.3 Microstructural observations 
Figure 6.2 shows a macroscopic visualisation of the effect of the P&F technique on the 
distribution of GNP throughout the specimen for a series of samples containing 4.8 vol.% 
of GNP. The first P&F cycles break down initial large agglomerates. Because of the 
relatively high GNP loading, the colour of the samples appears homogeneous to the eye 
after only 20-30 P&F cycles. Indeed, Figure 11.2a in appendix shows how the samples 
becomes darker and darker up to 500 P&F cycles if they contain a low GNP 
concentration of 0.21 vol.%. 
 
Figure 6.2 Pictures of LLDPE + 4.8 vol.% GNP samples at different P&F cycles. Samples were about 
8 cm in diameter, and 300 µm thick. 
Figure 6.3 shows how the microstructure of the same nanocomposites changes as a 
function of P&F cycles. At 10 P&F cycles, there are large GNP agglomerates with 
thicknesses close to those of the disk samples, with particles inside these agglomerates 
appearing to be mainly oriented parallel to the plane of the samples. These agglomerates 
decrease in thickness and width as the P&F cycles increase. Between 50 and 200 P&F 
cycles, it is difficult to find GNP agglomerates, and many dispersed particles appear 
throughout the matrix volume. Eventually, the microstructure at 500 P&F cycles results 
clearly well-ordered with homogeneously distributed and well dispersed particles 
oriented parallel to the plane of the samples. 
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Figure 6.3 SEM images of the cross-sections of LLDPE + 4.8 vol.% GNP samples prepared at 
different P&F cycles. 
The GNP agglomerates found in these microstructures have been studied in terms of 
their size. Parts a, b and c of Figure 6.4 show the statistical distributions of diameter, 
thickness, and aspect-ratio of the agglomerates at different P&F cycles. The geometrical 
means (GM) of these distributions are reported in Table 6.1 together with their 
geometrical standard deviations, and displayed in Figure 6.4d. The mean diameter and 
thickness decrease drastically up to ~ 50 P&F cycles, and further reduce to one tenth of 
their original dimensions after 500 P&F cycles, where they approach the size of individual 
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particles. Conversely, the aspect-ratio of the agglomerates does not change significantly 
with the P&F cycles as diameter and thickness do, and it only doubles its initial value 
after 500 P&F cycles. The GM of diameter, thickness and aspect-ratio of the 
agglomerates can be described by Equation 6.1 (see fitting lines in Figure 6.4d) as we 
would expect. From these fittings we find an estimation of the distribution rate: I = 0.02. 
The top axis of Figure 6.4d reports the converted values of n P&F cycles into dispersion 
level D. 
 
 
Figure 6.4 Statistical analysis of agglomerates’ size. Statistical distributions of (a) diameter, (b) 
thickness, and (c) aspect-ratio of filler agglomerates contained in nanocomposites of LLDPE + 4.8 vol.% 
GNP at different P&F cycles. (d) Geometrical mean values of filler agglomerates’ aspect-ratio, diameter and 
thickness as a function of P&F cycles fitted with Equation 6.1 using the D-factor of Equation 4.9. 
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Table 6.1 Geometrical means (GM) and geometrical standard deviations (GSD) related to the 
distributions of Figure 6.4. 
P&F 
cycles 
Diameter Thickness Aspect-ratio 
GM (µm) GSD GM (µm) GSD GM GSD 
10 27.9 2.54 0.948 2.70 20.7 2.12 
30 23.5 2.39 0.803 3.06 20.2 2.33 
50 11.0 2.58 0.278 2.64 26.6 2.34 
100 6.60 2.02 0.214 2.15 27.4 2.04 
200 5.64 1.96 0.131 1.66 30.1 2.18 
500 4.37 2.21 0.093 2.36 36.7 2.11 
6.3.1 Nanocomposite of LLDPE + 4.8 vol.% GNP prepared by melt-blending 
By comparison, the microstructure of a LLDPE nanocomposite containing the same 
amount of GNP but prepared by twin-screw melt-blending appears more 3D randomly 
oriented (Figure 6.5). But no large agglomerates are present, as in samples prepared 
above 200 P&F cycles, meaning that also a traditional melt-blending process can well 
disperse this type of GNP. 
 
Figure 6.5 Cryogenic fracture surfaces of a LLDPE + 4.8 vol.% GNP sample prepared by melt-
blending and compression moulding. 
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6.4 Micromechanical investigation of the P&F dispersion mechanism 
Following the microstructural observations of the previous section, we wonder what the 
mechanism of P&F dispersion is. Could it bring any significant advantage compared to 
a traditional melt-blending technique, beside the possibility to align the particles? 
To answer this question, we need to estimate the shear rate produced at each P&F cycle, 
compare it with the yield stress of the GNP agglomerates, and establish whether re-
agglomeration occur. We can initially investigate these aspects by looking at the 
rheological data of the samples. 
The following figures show the viscosity of the P&F samples containing 4.8 vol.% GNP 
at 120 °C, 140 °C, and 180 °C. The P&F technique was performed at a temperature (120 
°C) really close to the melting point of the polymer (116 °C), differently from melt-blending 
techniques that use temperatures around 190 °C for LLDPE. This has a consequence 
on the viscosity of the samples, which results much higher than what it should be if the 
samples were processed at higher temperatures. Indeed, we observe that the viscosity 
of neat LLDPE decreases from ~4.000 Pa∙s at 120 °C to ~350 Pa∙s at 180 °C. 
 
Figure 6.6 Viscosity and shear stress at 120 °C of LLDPE + 4.8 vol.% GNP nanocomposites prepared 
at different P&F cycles. 
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Figure 6.7 Viscosity and shear stress at 140 °C of LLDPE + 4.8 vol.% GNP nanocomposites prepared 
at different P&F cycles. 
 
Figure 6.8 Viscosity and shear stress at 180 °C of LLDPE + 4.8 vol.% GNP nanocomposites prepared 
at different P&F cycles. 
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A common feature of the samples tested at different temperatures is the decrease of the 
shear stress over a range of shear rates in which also the viscosity decreases. This might 
be due to slippery on the walls of the rheometer. It is interesting to note that, for all the 
considered temperatures, the viscosity of the samples prepared with less than 40 P&F 
cycles is lower than the viscosity of neat LLDPE. Considering that the microstructure of 
nanocomposites prepared with less than 50 P&F cycles presents agglomerates that are 
bigger than the dimensions of the initial GNP powder macro particles (Figure 6.4d) and 
that these samples also lost some GNP powder from their tensile fracture surfaces 
(which will be discuss later), it is fair to infer that such agglomerates act as a lubricant to 
the molten LLDPE matrix, lowering the viscosity of sample compared to that of neat 
LLDPE. Samples prepared with more than 40 P&F cycles show increasing viscosity with 
the number of P&F cycles. When analysed at 120 °C, however, these samples do not 
show a remarkable increase of the viscosity with the number of P&F cycles as when they 
were analysed at higher temperatures do. 
We can now examine the shear rate and stress that these samples undergo during the 
hot-pressing step of each P&F cycle. 
The flow has a dominant extensional component that orients the particles with their flat 
faces perpendicular to the pressing direction. We approximate this flow as an axis-
symmetric squeeze flow between two parallel plates located at a distance 2h. R denotes 
the radius of the sample when the gap height is 2h. In a cylindrical coordinate system 
with origin located at the midpoint between the plates, the radial velocity profile 
corresponding to a power-law fluid with constitutive equation 𝜏𝑟𝑧 = 𝑚(−
𝜕𝑣𝑟
𝜕𝑟
)
𝑛
 squeezed 
between two no-slip surfaces is [170]: 
𝑣𝑟 = (
−ℎ̇𝑟
ℎ
)𝐵𝑛 [1 − (
𝑧
ℎ
)
1+1 𝑛⁄
] 
Equation 6.2 
where 𝐵𝑛 =
2𝑛+1
2𝑛+2
 (note: here n does not indicate the number of P&F cycles). The local 
shear rate is 
?̇? =
𝜕𝑣𝑟
𝜕𝑧
= (
−ℎ̇𝑟
ℎ2
)𝐵𝑛(1 + 1 𝑛⁄ ) (
𝑧
ℎ
)
1 𝑛⁄
 
Equation 6.3 
and the volume-averaged shear rate magnitude over the sample is 
〈?̇?〉 =
1
𝜋𝑅2ℎ
∫ ∫ |?̇?|
ℎ
𝑧=0
2𝜋𝑟𝑑𝑟𝑑𝑧
𝑅
𝑟=0
=
2
3
𝐵𝑛
ℎ̇𝑅
ℎ2
 
Equation 6.4 
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For n > 0, Bn varies weakly with n (for a shear thinning fluid, it varies from Bn = ¾ for n = 
1 to Bn = ½ for n = 0). In terms of orders of magnitude, we can thus write 
〈?̇?〉 = 𝑐𝑛
ℎ̇𝑅
ℎ2
 
Equation 6.5 
where cn is a constant of order 1. In the case of slip surfaces, the flow is a uniform biaxial 
extensional flow and the average generalised shear rate is 〈?̇?〉 = √3
ℎ̇
ℎ
 [171]. Because 
R/h >> 1, the average shear rate in the perfect slip case can be orders of magnitude 
smaller than in the no-slip case. 
In our experiment, |?̇?| ≈ 1.8 mm/s, h varies from 1 mm to 0.25 mm, and the radius of the 
sample varies from 4 to 8 cm. In the case of slip surfaces, the average shear rate thus 
varies from 3 to 12 s-1 during compression. In the case of no-slip surfaces, the average 
shear rate varies from 72 to 2304 s-1, where we have taken cn = 1 for simplicity. The 
experimental case will likely be between the no-slip and the perfect slip case. We take 
〈?̇?〉 ~ 10 s-1 and 〈?̇?〉 ~ 1000 s-1 as values representative of the initial and final stages of 
compression. Therefore, the squeeze flow in the thin gap between the plates produces 
large shear rates. 
Fitting the LLDPE + 4.8 vol.% GNP samples data at 120 °C (Figure 6.6), we obtain a 
power-law for the viscous stress 𝜏 = 𝑘〈?̇?〉𝑛, where k ≈ 500 (in SI units) and n ≈ 0.75. 
Thus, the average stress is estimated to vary roughly between 3 KPa and 90 KPa during 
compression, depending on the adhesion of the polymer to the confining walls. 
To evaluate whether breakage of agglomerates and dispersion of GNP can take place, 
we need to compare the flow-induced stresses to the yield stress of the agglomerates 
σy. For percolating graphene suspensions, the following model has been recently 
proposed [151] that seems to fit well experimental data: 
𝜎𝑦 ≅
4
3
Γ
𝐷𝑝
𝑉𝑓
𝑐2𝑓 (
𝑉𝑓
𝑉𝑓
𝑐) 
Equation 6.6 
where Vf is the graphene volume fraction, Vf
c is the volume fraction at the percolation 
threshold (Equation 4.3), Γ ≈ 70 mN/m is the graphene-graphene surface energy, Dp is 
the platelet diameter, and 𝑓 =
(𝑉𝑓 𝑉𝑓
𝑐⁄ −1)
2.5
(𝑉𝑓 𝑉𝑓
𝑐⁄ +1)
0.5. For ξ ≈ 26 close to the initial aspect-ratio of 
the microparticles embedded into the polymer, we get Vf
c ≈ 5.7 vol.%. For Dp ≈ 9.4 µm, 
Γ
𝐷𝑝
𝑉𝑓
𝑐2 ≈ 2.4 Pa. Accounting for the f factor, even assuming that the local volume fraction 
within a macro aggregate is 10 times Vf
c, the aggregate yield stress is roughly σy ≈ 0.24 
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KPa, much less than the applied viscous stress. This means that the high viscosity of 
the polymer (we are working just above the melting temperature) during each P&F cycle 
induces viscous stresses large enough to break the GNP agglomerates. 
The formula above is probably not very accurate for dense macro agglomerates for which 
Vf is close to 1. In this case, using basic fracture mechanics arguments, one may write 
the order of magnitude of the force required to break the contact between each platelet 
in the macro agglomerate as ΓDp. The force acts over an area Dp2, so the corresponding 
stress is of the order of σy ~ ΓDp, which is about 0.74 KPa. Also this estimate gives a 
yield stress value much smaller than the applied viscous stress. 
The controlled flow in P&F has a further crucial benefit. With conventional processing 
methods, characterised by complex flow streamlines, the flow can promote re-
agglomeration rather than dispersion if converging streamlines are present that force the 
particles to encounter each other. In contrast, in the P&F approach, the dominant 
extensional flow increases the particle separation at each cycle by “stretching” the fluid 
containing the suspended platelets. A key aspect of the method is that after the pressing 
step has ended, the shear rate goes practically to zero. As a consequence, the sample 
viscosity increases dramatically, “freezing” the microstructure (for samples at 120 °C 
containing 4.8 vol.% GNP, the viscosity increases from 𝜂 ≅ 10 Pa∙s for ?̇? ≅ 10 𝑠−1 to 𝜂 ≅
105 Pa∙s for ?̇? ≅ 10−3 𝑠−1). Moreover, the samples are cooled down to room temperature 
to perform the folding step of each P&F cycle, so re-agglomeration cannot occur at all 
(instead, cutting and overlapping steps always happen in the molten state in conventional 
multi-layer coextrusion). Hence, once dispersed, the platelets remain dispersed until the 
next pressing step. 
6.5 Effect of GNP dispersion on nanocomposite properties 
To study the nanocomposite properties as a function of nanofiller dispersion, we want to 
make sure that other factors do not have any influence on our samples with the P&F 
cycles, such as polymer degradation, polymer crystallinity change, and so forth. Sections 
11.3 and 11.4 in appendix suggest that any variation in the properties of our LLDPE + 
4.8 vol.% GNP nanocomposites is indeed only caused by improved GNP 
dispersion/distribution, and not by any change in the intrinsic properties of LLDPE and 
GNP. 
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6.5.1 Mechanical properties as a function of GNP dispersion 
Figure 6.5a shows representative stress-strain curves for samples at different P&F 
cycles, containing 4.8 vol.% GNP. The mechanical reinforcement (R: the ratio between 
the elastic moduli of a composite, Ec, and its matrix, Em; for LLDPE Em = 140 ± 5 MPa), 
stress at yield (Y), and stress at break (B) are improved by nanofiller dispersion (Figure 
6.9b), in agreement with studies reported in the scientific literature [149,172]. 
 
Figure 6.9 Effect of nanofiller dispersion on the mechanical properties of LLDPE + 4.8 vol.% GNP 
nanocomposites. (a) Representative stress-strain curves. (b) Mechanical reinforcement (R(n)), stress at 
yield (Y(n)), and stress at break (B(n)) data, with best fits using Equation 6.1 with the D-factor of Equation 
4.9. 
Since the yield stress depends also on the nanofiller specific surface area [17], its 
improvement compared with neat LLDPE (7.85 ± 0.27 MPa) is consequently explained 
by an increasing nanofiller-matrix interfacial area with P&F cycles. The stress at break 
overtakes the value of neat LLDPE (9.5 ± 0.7 MPa) only after 150 P&F cycles, when 
failure initiation due to stress concentrations generated by GNP agglomerates is 
overcome (Figure 6.10). 
Figure 6.10 shows the tensile fractures of the samples. At low number of P&F cycles, 
the fractures have GNP agglomerates almost as thick as the samples (Figure 6.10a). 
Such large agglomerates are not visible in cryogenically broken specimen. This can be 
explained with the fact that the tensile specimen brake in correspondence of the widest 
agglomerates because of stress concentrations in the polymer matrix (the agglomerates 
cannot carry the applied load, since they are not a continuum body). In fact, samples 
prepared below 50 P&F cycles have lost some GNP powder from their breakage 
surfaces, indicating that in these samples the GNP are not fully wetted by the polymer. 
The consequence is that the stress at break results lower than that of pure LLDPE, as 
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pointed out earlier. For example, the sample prepared at 10 P&F cycles contains some 
wide agglomerates up to ~ 1/4 of the breakage surface area, and its stress at break is 7 
MPa (whereas B of pure LLDPE is 9.5 MPa). If the cross-section relative to LLDPE is 
used for the calculation of the stress at break, then B results ~ 7 MPa / (1–1/4) = 9.3 
MPa, which is the stress at break of pure LLDPE. Samples prepared above 150 P&F 
cycles do not present any GNP agglomerates in their fracture surfaces, so B of these 
samples is higher than that of neat LLDPE. Moreover, the profile of the fracture of these 
last samples appears linear and regular with short LLDPE fibrils disposed in layers 
(Figure 6.10b). On the contrary, samples prepared at low P&F cycles presents irregularly 
shaped fractures, with wide and long strained LLDPE fibrils, which are similar to those 
observed in neat LLDPE. 
 
Figure 6.10 Tensile fracture surfaces of LLDPE + 4.8 vol.% GNP nanocomposites with increasing GNP 
dispersions. (a) Front view; (b) side view. 
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6.5.1.1 Reference properties of nanocomposites prepared by twin-screw extrusion 
For comparison, the reference sample prepared by melt-blending followed by 
compression-moulding and containing 4.8 vol.% GNP has been tensile tested as well. 
The mechanical properties (Table 6.2) appear to be as low as those of P&F samples 
prepared between 100 and 150 P&F cycles. This is believed to be mainly due to the 
reduced in-plane alignment of the GNP nanoparticles inside this sample. 
Table 6.2 Reference mechanical properties of LLDPE + 4.8 vol.% GNP prepared by melt 
compounding and compression moulding. 
 
Young’s 
modulus 
(MPa) 
Reinforcement 
(Ec/Em) 
Stress 
at yield 
(MPa) 
Strain at 
yield 
(%) 
Stress 
at break 
(MPa) 
Strain at 
break 
(%) 
Melt 
blending / 
compression 
moulding 
200 ± 40 1.4 ± 0.3 9.9 ± 0.9 35 ± 4 9.4 ± 1.1 51 ± 8 
 
The morphology of the tensile fracture (Figure 6.11) is straight as it happens for P&F 
samples above 100 P&F cycles. Additionally, the LLDPE fibrils after failure have a 
morphology similar to that observed in the P&F sample prepared at 200 P&F cycles. 
Again, this means that the GNP dispersion in this nanocomposite is good. 
 
Figure 6.11 Tensile fracture surfaces of a LLDPE + 4.8 vol.% GNP sample prepared by melt-blending 
and compression moulding. 
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6.5.2 Electrical conductivity as a function of GNP dispersion 
The in-plane and out-of-plane electrical conductivities of the nanocomposite films (Figure 
6.12) have been measured using a two-point-probe setup. The anisotropic 
microstructure observed by SEM is reflected in the electrical properties: in-plane 
conductivity is ~4 orders of magnitude higher than that of out-of-plane. The conductivities 
of samples prepared with less than 40 P&F cycles are too small to be measured, 
suggesting well-isolated GNP agglomerates inside the matrix. Between 50 and 150 P&F 
cycles, the electrical conductivities reach a maximum, as particles become sufficiently 
dispersed/distributed to develop an optimal conductive network. This conductivity rise 
with nanofiller dispersion agrees with some observations reported in the literature 
[149,173,174]. The electrical conductivities then decrease at higher P&F cycles, 
suggesting an effective distributive mixing of nanoparticles thereby deteriorating the 
conductive network. This agrees with the studies of Tkalya et al. [71], who have reported 
increased percolation thresholds in nanocomposites with better graphene dispersions. 
The reduction in electrical conductivity can also be explained by a partial fragmentation 
of GNP. This effect, however, should be less dominant than the nanofiller 
dispersion/distribution effect, as there is no evidence of a reduction of mechanical 
properties with P&F cycles. Notably, the reference sample prepared by melt-
blending/compression-moulding (also containing 4.8 vol.% GNP) is not electrically 
conductive, probably because of a combination of 3D random orientation and good 
dispersion of GNP. 
 
Figure 6.12 Effect of nanofiller dispersion on the electrical properties of LLDPE + 4.8 vol.% GNP 
nanocomposites. The horizontal shades areas indicate the lower measurement limits for in-plane (red) and 
out-of-plane (blue) electrical conductivity. The measurement limits are due to the apparatus employed that 
could measure a minimum conductance of 2·10-11 S, combined with the geometries of the samples used 
(1.5/(0.8×0.03) cm-1 for in-plane measurements, and 0.03/(1×1) cm-1 for out-of-plane). The dotted lines are 
only a guide for the eye. The continuous and dashed lines are best fits of Equation 6.7 keeping the 
parameters σth and σM constant (σth to the measurable conductivity threshold, and σM to the maximum 
experimental value) to minimize the number of free variables. 
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6.6 Model fitting of P&F data 
The nanocomposite properties reported in Figure 6.5, Figure 6.9 and Figure 6.12 could 
be fitted by our nanofiller dispersion model, so the number of P&F cycles could have 
been converted into percentage of nanofiller dispersion level, as shown on the top axes 
of these figures. This is because other factors influencing the mechanical properties of 
nanocomposites, such as the nanofiller orientation state or the nanofiller exfoliation state 
or the properties of the matrix, do not change during the P&F process, as shown in 
section 6.3 and in appendices 11.1, 11.3 and 11.4. 
However, the electrical conductivity in Figure 6.12 clearly does not present the behaviour 
expected by Equation 6.1, and it has been fitted using another formula. Indeed, this 
property presents a percolation behaviour that is highly affected by the inter-particle 
distance, which is controlled also by the GNP dispersion state, besides its concentration. 
We expect the variation of the electrical conductivity with GNP dispersion to depend on 
the following aspects: 
• Dimension of the considered interval of nanofiller dispersion, ΔD; 
• a, which is a constant that describes the velocity of the conductivity change with 
the inter-particle distance; 
• Critical nanofiller dispersion, Dc, at which there is a quick change in electrical 
conductivity (for instance, from insulator to conductor), namely by the difference 
D – Dc; 
• Asymptotic conductivity, σth, that is the theoretical conductivity when the nanofiller 
is perfectly dispersed (D = 1) or when there is a drop-down of the percolation 
network due to inter-particle distances greater than the critical distance for 
electron tunnelling between particles. This corresponds to the difference σth – σ. 
These aspects can be translated into a differential equation that can be solved to give 
the following relationship between conductivity σ and nanofiller dispersion D:  
𝜎(𝐷) = 𝜎𝑡ℎ + (𝜎𝑀 − 𝜎𝑡ℎ) ∙ 𝑒
−𝑎(𝐷−𝐷𝑐)
2
 Equation 6.7 
where σM is the maximum conductivity reached at the critical nanofiller dispersion level 
Dc, and D is given by Equation 4.9. We believe that Equation 6.7 provides a more realistic 
description of the electrical conductivity than Equation 6.1. 
Table 6.3 reports the fitting parameters for each property of Figure 6.5, Figure 6.9 and 
Figure 6.12. The I-factor of the P&F process results to be independent of the analysed 
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property. However, we decided to calculate and use for the conversion of n in D a mean 
distribution-rate I of (3.3 ± 1.4)·10-3 from the mechanical and electrical properties only, 
because the GNP agglomerate measurements could have been affected by some 
obvious problems of images resolution and operator-related errors. 
Table 6.3 Fitting parameters of the properties of LLDPE + 4.8 vol.% GNP nanocomposites for our 
nanofiller dispersion model. 
Observable 
property, P 
P&F-related 
dispersion 
model 
(Equation 4.9 
where t is 
substituted by 
n) 
Predictive model of 
Equation 6.1 
Predictive 
model of 
Equation 6.7 
Adjusted 
R2 of the 
fit 
I-factor P0 Pth nc * a 
GM aspect-ratio, 
ξ 
5·10-3 19.5 38 - - 0.86 
GM diameter, d 29·10-3 38 µm 4.9 µm - - 0.89 
GM thickness, t 27·10-3 1.1 µm 112 nm - - 0.74 
Reinforcement, 
R 
2.5·10-3 1.02 2.8 - - 0.79 
Yield stress, Y 3.9·10-3 
8.32 
MPa 
12.3 MPa - - 0.98 
Stress at break, 
B 
5.5·10-3 
6.76 
MPa 
11.7 MPa - - 0.997 
In-plane 
electrical 
conductivity, σi-p 
2.0·10-3 - - 96 114 0.80 
Out-of-plane 
electrical 
conductivity, σo-
o-p 
2.5·10-3 - - 97 84 0.64 
* nc is the critical number of P&F cycles, which is related to the critical 
nanofiller dispersion level Dc through Equation 4.9. 
 
 
Consequently, our nanocomposites can be divided in three categories according to the 
nanofiller dispersion state: 1) nanocomposites with D < 15% containing inhomogeneous 
GNP distribution and isolated GNP agglomerates that cannot form an electrically 
conductive network, resulting also in mechanical properties close or worse than those of 
neat LLDPE. 2) Nanocomposites with 15% < D < 50% containing homogeneously 
distributed, well dispersed, and aligned GNP, showing high and anisotropic 
conductivities and mechanical reinforcement effects. 3) Nanocomposites with D > 50% 
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presenting highly dispersed, distributed, and aligned GNP, which reflects in enhanced 
mechanical properties, but poor electrical conductivity. 
6.7 Conclusion 
This chapter has experimentally demonstrated how the properties of nanocomposites 
change with the nanofiller dispersion level. The mechanical properties always improve 
with increasing GNP dispersion, accordingly to Equation 6.1. This fact experimentally 
proves the theoretical background on which the effective volume fraction (Equation 4.1) 
is based. Indeed, Equation 6.1 is the general expression of any composite theory (such 
as the Halpin-Tsai equations for the elastic modulus and the Pukanszky model for the 
yield stress) that has been expanded in a first-order McLaurin series, considering Vf
eff 
(Equation 4.1) as the independent variable. 
However, the electrical conductivity is not a monotonic function of the GNP dispersion. 
If the aspect-ratio of the GNP agglomerates is high enough, we can observe a 
conductivity enhancement, with values much higher than what theoretically expected by 
the classical percolation theory for homogeneously distributed GNP. This proves once 
again the distribution-conductivity model based on Equation 4.15 and Equation 5.1. For 
simplicity, we express the conductivity enhancement observed in our P&F samples with 
Equation 6.7. 
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Chapter 7.  
 
Further investigations of the P&F technique 
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7.1 Introduction 
In this chapter we will attempt to understand whether we could estimate the P&F 
distribution rate for any polymer-nanofiller system without analysing the nanocomposite 
properties or microstructure. We also want to understand how we could speed up the 
nanofiller distribution, and how the process differs from the traditional multi-layer co-
extrusion, as this technique is also based on the baker’s transformation. 
7.2 Another approach to estimate the distribution rates 
The rate of a nanofiller distribution inside a certain matrix during the P&F dispersion 
process can be quickly calculated by using the initial nanofiller/matrix contact area (A0), 
and the contact area after n P&F cycles (An): 
𝐼 =
1
𝑛
𝑙𝑛 (
𝐴𝑝 − 𝐴0
𝐴𝑝 − 𝐴𝑛
) 
Equation 7.1 
The total nanofiller surface area (Ap) can be calculated using the specific surface area 
(S), and the amount m of nanofiller introduced inside a sample: 
𝐴𝑝 = 𝑆 ∙ 𝑚 Equation 7.2 
Both A0 and An could be estimated by measuring the percentage, C%, of sample area 
covered by nanofiller from the optical pictures of the sample: 
𝐴0,𝑛 = 2 ∙ 𝑠𝑎𝑚𝑝𝑙𝑒 𝑎𝑟𝑒𝑎 ∙ 𝐶% Equation 7.3 
Figure 7.1 shows the method used to calculate the sample area and C% from the optical 
pictures. An is more accurate if C% is measured at low (<5) P&F cycles, i.e. when the 
probability of having an overlapping of nanofiller agglomerates is low, thus An will not 
result underestimated. 
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Figure 7.1 Method used to calculate the area of a sample, and its fraction covered by nanofiller. 
With this method, we can calculate a distribution-rate of (3.5 ± 2.0)·10-3 for GNP in 
LLDPE, by analysing the pictures taken during the first four P&F cycles. Despite this 
method may not be accurate, it still gives a good estimation of the distribution-rate. 
Indeed, the distribution-rate found from the fitting of the mechanical and electrical 
properties results quite similar and equal to (3.3 ± 1.4)·10-3 (see section 6.6). 
As the distribution-rate is important for the determination of the dispersion level of a 
nanofiller, in Table 7.1 we report the distribution rates of different nanofiller/matrix 
systems.  
Table 7.1 Distribution-rates for different nanofiller/matrix systems. 
Matrix 
Filler 
LLDPE HDPE Phenoxy PC TPU 
C-Therm 002 
S = 25 m2/g 
(3.5 ± 
2.0)·10-3 
(9.3 ± 
1.5)·10-3 
(7.4 ± 
1.0)·10-3 
(2.3 ± 
1.0)·10-3 
(5.43 ± 
0.23)·10-3 
xGnP 750 
S = 100 m2/g 
* 
(2.6 ± 
0.4)·10-3 
(2.58 ± 
0.11)·10-3 
(3.9 ± 
1.7)·10-3 
(1.6 ± 
0.3)·10-3 
(1.63 ± 
0.14)·10-3 
MMT 
(Cloisite 20A) 
S ≈ 800 m2/g 
≥7·10-2 ≥10·10-2 ≥2·10-2  ≥3·10-2 
* S calculated from XRD thickness: 𝑆 ≈ 2 (𝑑 ∙ 𝑡𝑋𝑅𝐷)⁄ , where d is the density of graphite 
Note that for the case of montmorillonite (MMT) nanocomposites, the MMT agglomerates 
disappear during the dispersion process, leaving the samples transparent. Therefore, we 
have recorded the number n of P&F cycles needed to obtain a sample transparent to the 
naked eye and free of white agglomerates. We believe that when a sample does not 
show MMT agglomerates anymore, then the dispersion-factor must be at least 50%. 
Therefore, we can estimate the distribution-rate with the following equation: 
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𝐼 =
1
𝑛
𝑙𝑛 (
𝐴𝑝 − 𝐴0
0.5𝐴𝑝
) 
Equation 7.4 
The distribution-rates of MMT results to be much higher than GNP powders, and this 
might be due to the functionalisation of the MMT used, or to a better nanofiller/matrix 
interaction that aid the dispersion process. 
7.3 Increasing the number of folding to increase the distribution rate 
To investigate whether the number of folding could speed up the dispersion process, we 
have prepared three series of LLDPE + 5 vol.% xGnP750 samples by folding them twice, 
three times and four times at each P&F cycle. xGnP750 contains GNP ~ 9 nm thick, and 
their surface area is much higher than that of the GNP used in the previous chapter. 
Therefore, we should expect better nanocomposite properties, provided this type of GNP 
can be dispersed adequately. And if we can accelerate the dispersion process, we 
should see an enhancement of properties at lower P&F cycles. 
To avoid any misleading interpretation of the results, we have checked whether polymer 
degradation, polymer crystallinity and graphene exfoliation occur during the process, and 
we have found that we can exclude these effects. Therefore, any difference in the 
properties between these three series of samples must be due to only to a faster GNP 
distribution. 
We can use the method presented in the previous section to have a rough idea of the 
distribution rates for each series of samples. Figure 7.2 shows the photographs of the 
series prepared < 5 P&F cycles. These samples contain a concentration of xGnP750 as 
low as 0.5 vol.% to be able to measure the samples’ covered area more accurately. After 
analysing these pictures, we obtain I = (2.6 ± 0.4)·10-3 for the series of samples folded 
twice at each P&F cycles, I = (3.7 ± 1.0)·10-3 for the series folded three times per cycle, 
and I = (7.8 ± 1.2)·10-3 for the series folded four times per cycle. This means that for 
every increment in the number of folds, the distribution rate results improved by a factor 
of ~1.5, i.e. we can speed up the process by increasing the number of folds. 
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Figure 7.2 Optical pictures of LLDPE + 0.5 vol.% xGnP750 nanocomposites prepared at different 
P&F cycles and number of folds per cycle. 
Figure 7.3 reports typical tensile curves at different P&F cycles for series of samples of 
LLDPE + 4.8 vol.% xGnP750 prepared with two, three and four folds per P&F cycle. For 
the latter series, we have prepared only one sample with 10 P&F cycles because it is 
hard to fold the films four times and keep them folded before the hot-pressing step. 
 
Figure 7.3 Tensile curves of LLDPE + 4.8 vol.% xGnP750 nanocomposites prepared at different P&F 
cycles and number of folds per cycles. 
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The mechanical properties that we obtain from the stress-strain curves of Figure 7.3 are 
presented in Figure 7.4. All properties improve quicker with P&F cycles when the 
samples are folded more times per cycle. Fitting these data with Equation 6.1 using D 
defined by Equation 4.9, we find a distribution rate I = 27·10-3 for the series of samples 
folded twice per cycle, and I = 70·10-3 for the series folded three times per cycle. This 
proves again that folding the samples a higher number of times per cycle speeds up the 
dispersion process. However, the distribution rates are higher than those estimated 
previously, and the properties plateau at values that are smaller than the 
nanocomposites of the previous chapter. the theoretical background of Equation 4.10 
explains these differences: as xGnP750 contain thinner particles with higher aspect-
ratios, the maximum achievable nanofiller-polymer contact area (Amax) is lower than the 
total nanofiller surface area. Consequently, the distribution rates are quicker, and the 
maximum achievable mechanical properties are smaller. 
 
Figure 7.4 Mechanical properties of LLDPE + 4.8 vol.% xGnP750 nanocomposites as a function of 
P&F cycles. The series of samples folded twice at each P&F cycle is indicated as “xGnP750” in the legend, 
the one folded three times per cycle as “xGnP750 – 3F”, and the one folded four times as “xGnP750 – 4F”. 
The series of nanocomposites folded twice per cycle does not have any electrical 
conductivity for any P&F cycle. The series of samples folded three times per cycle, 
instead, presents a conductivity enhancement around 50 P&F cycles, as shown in Figure 
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7.5. The sample prepared with 10 P&F cycles and folded four times has a conductivity 
of (1.1 ± 0.5)·10-8 S/cm. Also these results indicate that the distribution rate improves 
with number of folds per cycle. Moreover, it seems that both the distribution rate and the 
time that the samples remain in the molten state have an influence on the percolative 
network of nanofiller agglomerates throughout the matrix, as the series of samples folded 
twice do not present any conductivity. 
 
Figure 7.5 Electrical conductivity as a function of P&F cycles of LLDPE + 4.8 vol.% xGnP750 
nanocomposites folded three times per P&F cycle. 
7.4 Comparison of P&F technique with multi-layer coextrusion 
Multi-layer coextrusion is a technique with the potential to disperse and mix two different 
materials with a small number of fixed elements ad the end of two converging extrusion 
lines. These elements apply the baker’s transformation to the molten materials, so that 
the dispersion can occur even at the nanoscale. The other advantage of this technique 
is that the materials are prepared with a layered structure, and the nanofillers result 
aligned along the machine’s extrusion direction. 
We have prepared three series of nanocomposites of HDPE + 2 wt.% xGnP750 using 1, 
6 and 8 multi-layer elements. Therefore, their microstructures should present 2, 64 and 
256 layers, and the mechanical properties should considerably improve as the alignment 
of nanofiller and the breakdown of agglomerates should significantly increase with the 
number of multi-layer elements. 
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Figure 7.6 presents the tensile curves for these materials tested along and transversely 
to the extrusion direction. Surprisingly, there is no evident change in the mechanical 
properties (Figure 7.7) with the number of ML-elements.  
 
Figure 7.6 Tensile tests of HDPE + 2 wt.% xGnP750 nanocomposites prepared by multi-layer 
coextrusion. (a) Specimen cut out along the machine direction. (b) Specimen cut out transversely to the 
machine direction. 
 
Figure 7.7 Mechanical properties of HDPE + 2 wt.% xGnP750 nanocomposites prepared by multi-
layer coextrusion. (a) Specimen cut out along the machine direction. (b) Specimen cut out transversely to 
the machine direction. 
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Moreover, there is no mechanical improvement compared to the properties of neat 
HDPE. These two observations could be explained considering that xGnP750 and HDPE 
were already blended together before multi-layer coextrusion with a maximum reachable 
contact area that is lower than the surface area of xGnP750. We have processed the 
same starting pellets also with the P&F technique, and no mechanical improvement has 
been found in the resulting nanocomposites. This means that, for this type of materials, 
there is no evident advantage of using the P&F technique in addition to avoiding thermal 
degradation of the polymer. 
7.5 Conclusion 
The dispersion process of the P&F technique can be speeded up by folding the samples 
a higher number of times per cycle. However, when the nanofillers have a high specific 
surface area, it does not matter how fast the dispersion process is: the maximum 
dispersion level may not further improve after a certain limit. This is a critical aspect for 
demanding applications, where high quality nanofillers in terms of specific surface area 
and aspect-ratio should impart significant properties enhancements but cannot be 
properly dispersed and the nanocomposites result bad performing. Lastly, we have found 
that multi-layer coextrusion cannot guarantee a dispersion efficiency better than the P&F 
technique. 
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Chapter 8.  
 
Toward efficient and highly loaded 
nanocomposites using the P&F technique 
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8.1 Introduction 
Poor performing nanocomposites are a common issue often originated from low 
nanofiller dispersions, which usually occur when traditional techniques like solution-
mixing and melt-blending process high nanofiller loadings. For example, to assess the 
reinforcing efficiency of different layered nanocomposites of LLDPE and GNP/graphene, 
Figure 8.1 compares reinforcement values found in literature [144,173,175–178] with 
theoretical predictions using the Halpin-Tsai model. None of the scientific literature data 
follows the linear behaviour predicted by the Halpin-Tsai model. Therefore, these 
nanocomposites show the typical reduction in reinforcing efficiency with nanofiller 
loading, commonly attributed to decreasing nanofiller dispersions. 
 
Figure 8.1 Assessment of the mechanical reinforcement of GNP-LLDPE nanocomposites from 
literature, together with prediction lines of the Halpin-Tsai model at different aspect-ratios (ξ) of mono-layer 
graphene. The shadowed areas are only a guide for the eye to highlight the decrease of reinforcing efficiency 
with nanofiller loading. In some cases, there are two data-sets per reference, corresponding to 
nanocomposites prepared by different techniques or with different matrix/nanofiller functionalisation: these 
aspects influence the nanofiller dispersion/orientation state or the nanofiller-matrix interface [179] and 
consequently the mechanical properties. 
As high aspect-ratio nanofillers may be difficult to be efficiently dispersed, here we show 
that nanofillers with ξ << 1000 such as GNP (obtained from EG) and MMT could be 
efficiently disperse with the P&F technique in high concentrations. This would hardly be 
possible with traditional melt-blending techniques because the viscosities of the 
processed materials would be too high. The resulting nanocomposites are well 
performing and present a uniform dispersion level. 
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8.2 Highly loaded GNP nanocomposites without any reinforcing efficiency 
loss 
Below, we will study LLDPE nanocomposites containing different GNP loadings, but with 
a constant dispersion level of ~50%, which corresponds approximately to agglomerates 
made of only two nanoparticles (according to the definition of the D-factor, and in 
agreement with the microstructural observations of chapter Chapter 6). Indeed, the best 
compromise between mechanical and electrical properties occurs around this dispersion 
level (see Figure 6.9b and Figure 6.12). We should be able to predict properties at 
different nanofiller loadings using the Halpin-Tsai and Pukanszky models modified by 
Equation 4.1 with a D-factor of ~50%, provided that the dispersion efficiency of the P&F 
process does not decrease at high amounts of this low aspect-ratio GNP. Section 11.5 
in appendix demonstrates that any variation in the nanocomposite properties must be 
caused only by the GNP amount contained in the samples, and not by any change in the 
intrinsic properties of LLDPE and GNP. 
Representative stress-strain curves of these nanocomposites prepared with 200 P&F 
cycles are shown in Figure 8.2a. It is clear that the strain at break abruptly decreases 
with the amount of GNP in the samples. The stress at break is fairly close to the yield 
stress of these samples, and increases with GNP concentration, but it exceeds the value 
of neat LLDPE (9.5 MPa) only for samples with a GNP concentration greater than 2.1 
vol.%. 
 
Figure 8.2 Mechanical properties of LLDPE nanocomposites with different GNP loadings but similar 
dispersion levels (48.2%). (a) Representative stress-strain curves. (b) Mechanical reinforcement and yield 
stress together with fitting lines of the Halpin-Tsai and Pukanszky models. 
Interestingly, the mechanical reinforcement and yield stress data (Figure 8.2b) are fitted 
by the Halpin-Tsai and Pukanszky models using Vf
eff with D = 48.2%, which proves the 
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theoretical validity of the effective volume fraction, Vf
eff. The fits give a nanofiller aspect-
ratio of 43 (in agreement with the theoretical one, ξth = 38, from the fit in Figure 6.4d), 
and an interaction parameter BPuk (an estimation of nanofiller-matrix interaction) of 14.4, 
similar to values reported for clay nanocomposites [180]. The latter is a surprisingly high 
result considering that no compatibilizer was used, suggesting a fairly good GNP-LLDPE 
interaction. 
These results demonstrate that the dispersion efficiency of the P&F technique does not 
decrease at high nanofiller amounts, and subsequently neither does the reinforcing 
efficiency. The frame at low volume fractions in Figure 8.2b indicates the region where 
literature data typically fall and lose their reinforcing efficiency (Figure 8.1). 
The in-plane conductivity is again four orders of magnitude higher than the out-of-plane 
conductivity (Figure 8.3a). This reflects the anisotropic layered microstructures.  
 
Figure 8.3 Electrical and thermal conductivities of LLDPE nanocomposites with different GNP 
loadings but similar dispersion levels (48.2%). (a) Electrical conductivity (the lines are only a guide for the 
eye), and thermal conductivity enhancement respect to LLDPE thermal conductivity (km). (b) Assessment of 
the in-plane conductivity for LLDPE-GNP nanocomposites. Note the high in-plane conductivity of 0.3 S/cm 
of our P&F sample containing 35 vol.% GNP. 
Considering the aspect-ratio of the GNP used (~40) and referring to the work of Li and 
Kim [70], we should expect a percolation threshold around 15 vol.%, if GNP were 
perfectly dispersed and distributed. However, the percolation threshold lies somewhere 
between 2.1 and 4.8 vol.% (Figure 8.3a). This range is theoretically expected for perfectly 
dispersed nanoplatelets with aspect-ratios of 150 – 250. Therefore, the non-
homogeneous, imperfect GNP dispersion (D ≈ 50%) in our nanocomposites increases 
the electrical conductivity (as depicted in Figure 6.12), hence lowering the percolation 
threshold to values theoretically expected for higher aspect-ratio fillers. This corroborates 
our conductivity model (Equation 6.7). Note that these high electrical conductivities come 
with massive in-plane thermal conductivity enhancements (>10 W/m·K, which is >3000% 
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higher than LLDPE thermal conductivity), while the out-of-plane conductivity increases 
up to ~1 W/m·K. To the best of our knowledge, this is the highest combination of thermal 
conductivity enhancement and thermal anisotropy ever reported. 
Finally, a comparison of the in-plane conductivity data with the values found in the 
literature [174,176,181–184] for layered nanocomposites of LLDPE with GNP/graphene 
shows how our samples are among the highest conductive nanocomposites (Figure 
8.3b). Note that the conductivity of our samples is predicted to be even higher for a D-
factor close to Dc ≈ 25%, where the agglomerates should have a higher aspect-ratio. 
8.3 Highly loaded MMT nanocomposites 
Nanocomposites of LLDPE and montmorillonite have been prepared with only 50 P&F 
cycles, because at this number of cycles should correspond a MMT dispersion of ~ 99%. 
Indeed, the distribution-rate for MMT in LLDPE is ~ 7·10-2, much higher than ~3·10-3 for 
GNP (see Table 7.1). Thermal gravimetric analysis reveals a MMT content of ~74 wt.%. 
Despite this ultrahigh filler content, the sample appears transparent (Figure 8.4a) 
because of the good MMT dispersion and alignment (Figure 8.4b). 
 
Figure 8.4 Pictures of LLDPE + 74 wt.% MMT. (a) Optical picture (sample ~10 cm wide, and ~400 
µm thick). (b) SEM micrographs of the microstructure. 
The nanocomposite has a Young’s modulus of ~1.8 GPa, ~13 times higher than the pure 
polymer (Ec/Em ~13), which is a record-breaking value for a nanocomposite based on a 
commodity or engineering plastic prepared by a top-down technique. However, the 
strength is only ~12.5 MPa, and the strain at break is ~1%. 
To assess our nanocomposite, Figure 8.5 reports the mechanical reinforcement found in 
literature (see Table 11.2 in appendix) for MMT nanocomposites with non-elastomeric 
matrices. Our P&F sample is the highest loaded and reinforced sample ever reported for 
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nanocomposites prepared by a top-down method. Only bottom-up techniques, such as 
solution processing and layer-by-layer, can reach the same loading and mechanical 
reinforcement of our P&F sample. 
 
Figure 8.5 Assessment of the mechanical reinforcement of MMT nanocomposites, grouped by the 
processing method. 
8.4 Conclusion 
With the P&F technique, it is possible to disperse high amounts of relative low aspect-
ratios nanofillers without losing reinforcing efficiency. This seems to be the only way to 
increase the nanocomposite mechanical properties avoiding agglomeration problems 
that affect high aspect-ratio nanofillers. 
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Chapter 9.  
 
Future work: design of multifunctional 
properties enhancement in nanocomposites 
with tailored microstructures 
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9.1 Introduction 
The theoretical framework presented in chapters 4, 5 and 6 advances the possibility of 
doing material design with nanoparticles, addressing the optimization of nanocomposite 
microstructures to fulfil particular technological applications of interest. For example, a 
layered microstructure with perfectly dispersed nanoparticles is needed for mechanical 
properties, or gas-barrier films for food packaging and flexible electronics [185,186]. The 
same applies also to thermal conductivity of heat dissipating devices [187]. For example, 
we measured the thermal conductivity of LLDPE nanocomposites with 4.8 vol.% GNP 
after 400 P&F cycles. Unexpectedly, thermal conductivities were ~3 W/m·K in-plane 
(~900% higher than neat LLDPE thermal conductivity) and ~0.3 W/ m·K out-of-plane, 
while being electrically insulating in all directions (average inter-particle distance longer 
than electron mean-free path [188]). The combination of high thermal conductivity and 
low electrical conductivity makes these nanocomposites promising for anisotropic 
thermal interface management of modern electronic, optoelectronic and photonic 
devices [188]. 
The ability of tailoring the microstructure demonstrated for the P&F process is a crucial 
factor for imparting nanocomposites with other multi-functionalities, such as self-heating, 
strain sensing, energy management, and mechanical enhancement due to nacre-like 
hierarchical microstructure, as described hereinafter. 
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9.2 Multifunctional properties of LLDPE/GNP nanocomposites prepared 
by P&F 
The samples of LLDPE + GNP presented in chapters Chapter 6 and Chapter 8 can be 
used as microstructural references for nanocomposites with Joule-heating, strain-
sensing and energy management functionalities enhanced by particular nanofiller 
dispersion states. 
9.2.1 Joule-heating 
Joule-heating materials are important, for example, in de-icing [189] or safety self-limiting 
power devices [190,191]. They require high electrical conductivities, which could be 
obtained with microstructures containing nanofiller dispersions close to the critical level 
Dc of Equation 6.7, where the aspect-ratio of the agglomerates is higher than that of 
individual nanoparticles. 
Figure 9.1 shows the self-heating of LLDPE+GNP nanocomposites due to Joule effect 
when different electrical potentials are applied to the extremities of the samples. The 
inset pictures of the samples (Figure 9.1a, b, and c) were taken with a thermal camera, 
and show good thermal homogeneity reflecting an optimal microstructure. The sample 
containing 7.4 vol.% GNP with a dispersion level of 48.2% (Figure 9.1b) heats up less 
than the sample containing 4.8 vol.% GNP (Figure 9.1a) because its nanofiller dispersion 
state is grater, so less conductive paths are available for Joule heating (see the 
comparison graph of the samples’ self-heating effects in Figure 9.1e). 
When the nanofiller concentration is high, the theoretical conductivity at high dispersion 
states (σth) should not be very different from that at the critical dispersion level (σM). 
Therefore, one should find good electrical properties even if the nanofiller dispersion is 
greater than Dc. This is the case for nanocomposites containing 24 vol.% GNP with a 
dispersion level of 48.2% (Figure 9.1c,d), which appear to be simultaneously promising 
for self-heating devices triggered by low voltages (Figure 9.1e), mechanical properties 
(because D > Dc), and strain-sensing for health monitoring. 
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Figure 9.1 Self-heating tests of LLDPE nanocomposites with different GNP loadings and dispersion 
levels. (a) Sample containing 4.8 vol.% GNP with a dispersion level of 28% reaches a temperature of ~70 
°C when 240 V of AC electrical potential difference is applied to its extremities. (b) Sample containing 7.4 
vol.% GNP with a dispersion level of 48.2% reaches only a temperature of ~50 °C after 240 V. (c) Sample 
containing 24 vol.% GNP with a dispersion level of 48.2%. (d) Power supplied to sample (c) and sample 
resistivity correlation with measured temperature. (e) Comparison of the self-heating behaviour of the tested 
samples as a function of the applied AC electrical potential difference. 
9.2.2 Strain sensing 
Resistive sensor materials can find applications in smart textiles and structural health 
monitoring applications [20,192]. The sensitivity of these materials to strain is typically 
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the highest when the microstructures contain a graphene concentration close to the 
critical volume fraction for electrical percolation, or when the aspect-ratio of the 
agglomerates is slightly higher than that of individual nanoplatelets, i.e. when σ(D) 
approaches σth (see Equation 6.7), which happens when Dc << D < 1.  
Strain sensing during extension of nanocomposites (Figure 9.2a) reveals that the 
variation of electrical resistance is much more evident for samples containing low 
amounts of GNP. The sample containing 4.8 vol.% GNP with a dispersion level of 28% 
(close to the critical dispersion level Dc) presents a resistance variation similar to the 
sample of same composition but higher dispersion level (48.2%) only at high strains, 
when its conductivity approaches the theoretical one, σth. All nanocomposites present 
several orders of magnitude variation in resistance before yielding (which occurs around 
15% of strain), demonstrating their suitability for structural health monitoring applications. 
Figure 9.2b shows the resistance variation of the same nanocomposites when undergo 
a cyclic strain. The small peaks at the minima of strain are due to the bending of the 
samples. High nanofiller dispersions give high resistance variations (gauge factor of ~30) 
because the nanocomposite conductivity approaches the theoretical value σth quicker 
with the strain (see sample containing 4.8 vol.% GNP with D = 48.2%). However, 
dispersions closer to the critical level, Dc, provide better electrical signals (see sample 
containing 4.8 vol.% GNP with D = 28%, which has a low initial resistance of ~140 kΩ). 
The resistance variation becomes less evident for increasing amounts of GNP because 
the difference between σM and σth becomes ever smaller. 
 
Figure 9.2 Strain-sensing of LLDPE nanocomposites containing different GNP loadings and GNP 
dispersion states. (a) Variation of electrical resistance as a function of tensile strain. (b) Variation of electrical 
resistance during time when a cyclic strain is applied to the nanocomposites. 
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9.2.3 Energy management 
Materials for energy-management devices [193,194] must have high nanofiller 
dispersion levels, provided the electrical conductivity (σth in Equation 6.7) is small enough 
to allow huge polarization effects inside the layered microstructures, so that the materials 
can show high dielectric constant (high-k) and small dielectric loss. Polymer 
nanocomposites with such microstructures could be employed, for example, as gate 
dielectrics, energy storage devices or electroactive materials [193]. Nanocarbon-polymer 
composites satisfy the synergistic requirements of high-k and limited loss just before 
reaching the percolation threshold. Above this point there is a huge increase in the 
dielectric loss, due to the ohmic electrical conduction of the percolated network. 
Figure 9.3 shows the admittance magnitude of LLDPE nanocomposites containing 4.8 
vol.% GNP with different nanofiller dispersion states. Admittance (Y), which is inversely 
proportional to impedance [195], has been plotted to facilitate the relationship of AC-
properties with DC-conductivity measurements. First, the pristine polymer that initially 
exhibits a purely capacitive behaviour (linear frequency-dependence, Figure 9.3a) is 
transformed into a conductive material (non-frequency dependant) when containing GNP 
agglomerated states (D-factor of 28% and 48.2%). The different trends of |Y| along 
frequency support our previous observations of the electrical conductivity as a function 
of nanofiller dispersion (Figure 6.12), hence it is in accordance with the behaviour 
expected by Equation 6.7. Indeed, a slight agglomeration of nanofiller allows a 
conductive percolation network inside the material (admittance is predominantly real, 
Ohmic conduction), especially when is close to the critical dispersion level Dc (which 
corresponds to 25% for our nanocomposites containing 4.8 vol.% GNP). In such case, 
the resistive equivalent circuit shown in Figure 9.3b (R1 and R2) may represent the 
nanocomposites. However, when the nanofiller dispersion increases, the nanocomposite 
conductivity decreases from high values (the highest is σM when D = Dc) to lower values 
(approaching the theoretical conductivity σth expected by Equation 6.7 at high nanofiller 
dispersion states), because the percolation network becomes “disconnected” in many 
points. These “dead-ends” contribute to the formation of micro-capacitors at those 
conductive/dielectric/conductive regions of well-dispersed platelets with non-negligible 
interparticle gaps. Nanocomposites with such a microstructure containing highly 
dispersed GNP can be represented by a parallel R-C equivalent circuit, as depicted in 
Figure 9.3b (R3 and C3), and a frequency-dependent admittance is observed (see sample 
with D = 80.6% in Figure 9.3a). Contrary to the common believe, this absence of 
percolation in nanocarbon/polymer nanocomposites can be also exploited for 
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technological applications where dielectric materials with a high dielectric constant (real 
permittivity, ’) and a low dielectric loss (imaginary permittivity, ’’) are needed. 
 
Figure 9.3 Impedance spectroscopy of LLDPE + 4.8 vol.% GNP nanocomposites with different GNP 
dispersion states. Frequency sweep of: (a) admittance modulus (|Y|), (c) complex permittivity, and (d) loss 
tangent. (b) Draw that summarises the observed behaviours: while a nanofiller dispersion close to the critical 
dispersion level Dc (≈ 25% for these samples) of Equation 6.7 makes the nanocomposites conductive 
(resistive, R1 and R2), high dielectric constant (’, high-k) and low loss tangent (’’/’) nanocomposites can 
be addressed only if the nanofiller dispersion state is optimized (D close to 100%). 
The real component of permittivity for dielectric/conductor nanocomposites is a measure 
of the migration and accumulation of charges at the dielectric/conductor interfaces 
(Maxwell–Wagner–Sillars polarization) [196], while the imaginary part is related to 
dielectric and conduction losses, associated to the material’s ohmic resistance and the 
induced polarisation, respectively. As seen from Figure 9.3c, the imaginary permittivity 
of the resistive samples (D = 28% and 48.2%) is as high as 108 at low frequencies and 
decreases to 102 at 1 MHz. The sample with a high nanofiller dispersion of 80.6% has 
an imaginary permittivity that remains notably low, between 100 and 0.1 throughout the 
entire frequency window. Furthermore, this last sample shows a loss tangent (’’/’) as 
low as ~0.1 (Figure 9.3d), in comparison with values above 10 for samples with lower 
nanofiller dispersions (D = 28% and 48.2%). These results confirm that the electrical 
properties of GNP-polymer nanocomposites can be tailored by the nanofiller dispersion 
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state, exploiting the needs of a wide variety of conductive or insulating (capacitive) 
applications. 
Figure 9.4 summarises these findings and illustrates how nanofiller agglomeration 
reflects in conductive nanocomposites that are mainly resistive: the imaginary (Z’’) vs. 
real impedance (Z’) Nyquist plots of the samples show very small values of Z’’ for a 
constant value of Z’ (diverging slightly only at high frequencies due to contact resistance). 
Higher dispersion levels and distributions of aligned GNP inside the dielectric LLDPE 
matrix result in nanocomposites with a capacitive behaviour (sample containing 4.8 vol.% 
GNP with a dispersion level 80.6%, see the C3 || R3 equivalent circuit, shown also in 
Figure 9.3b). This is due to the build-up of electrostatic charges at the interfaces between 
conductive and dielectric domains (in accordance with the small percolation conductivity 
σth expected by Equation 6.7), which is important for energy-management applications. 
 
Figure 9.4 Imaginary (Z’’) vs. real impedance (Z’) obtained from impedance spectroscopy of LLDPE 
containing 4.8 vol.% GNP in different dispersion states. 
9.3 Mimicry of nacre 2-level hierarchical structure in (PDMS/MMT)/TPU 
nanocomposites 
The microstructural controlling capability of the P&F technique can be exploited also to 
mimic natural structures that are known to possess high mechanical performances. 
Nacre, for example, is made mainly of calcium carbonate that is a brittle material as 
mentioned previously (Figure 2.10). However, because of its 2-level hierarchical and 
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layered structure (Figure 9.5), nacre exhibits good mechanical properties and high 
toughness. 
 
Figure 9.5 Illustration of the hierarchical structure of nacre. Figure adapted from ref. [49]. 
It would be useful to prepare materials with nacre-like structure, for example, for 
biomedical applications. For this purpose, blends of thermoplastic polyurethane (TPU) 
and polydimethylsiloxane rubber (PDMS) are believed to bring several advantages [197]: 
mechanical strength/toughness from TPU, and inertness from PDMS; biocompatibility 
(useful, for example, in scaffolds for tissue engineering, membranes for guided tissue 
regeneration, cartilage replacements, etc.); processing with conventional plastic 
techniques (extruders); and no need for crosslinking the PDMS component (which avoids 
the migration of curing chemicals to the surrounding tissues during the long term 
implantation period of the material). 
However, the main obstacle in blending TPU with PDMS is the formation of an immiscible 
blend, which will lead to phase separation. To partially mitigate this problem, these 
polymers are usually compatibilized in several ways. We could investigate whether TPU 
and PDMS can be blended together without functionalisation using the P&F technique 
and, with the aid of nanofillers such as MMT arranged in nacre-like 2-level hierarchical 
structure, increase their mechanical properties. 
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9.3.1 Preparation of nacre-like PDMS/MMT nanocomposites and 
(PDMS/MMT)/TPU nanocomposites 
We have prepared nanocomposite of PDMS + 80 wt.% MMT to mimic the first-level 
hierarchical structure of nacre. These two materials cannot be directly blended by P&F 
because the amount of MMT is too high, and the viscosity of PDMS too low (Figure 9.6). 
Thus, PDMS have been initially mixed with a MMT concentration of ~30 wt.%. Then, little 
amounts of MMT have been repetitively added and mixed with the initial putty by P&F at 
room temperature. After the complete addition of MMT, the sample has been further 
processed with 20 P&F cycles at room temperature to ensure a good dispersion and 
alignment of MMT. 
 
Figure 9.6 Starting materials used to prepare PDMS/MMT nanocomposites. 
Note that, when containing >50 wt.% MMT, the sample easily crumbles because the 
amount of MMT is too high for the PDMS to keep all the particles stuck together. The 
sample becomes consistent again after few P&F cycles, when the MMT particles are 
sufficiently bounded by PDMS. Moreover, the final concentration of 81 wt.% MMT 
corresponds to ~74 vol.% MMT, which means that we are approaching the theoretical 
limit of space that can be occupied by MMT. Above this limit, the sample should always 
be crumbled because there is no enough polymer to keep the platelets of MMT stuck 
together. 
Eventually, ketoxime has been added as a cross-linking agent for the PDMS matrix and 
mixed with 10 P&F cycles (drops added during the first 3 P&F cycles). The sample was 
left to cross-link for 1 day. 
To mimic and study the effect of the second hierarchical level of nacre’s structure, a 
range of samples has been prepared by adding 1 – 20 wt.% TPU to the previous 
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nanocomposite material. Each sample has obtained by sandwiching a certain amount of 
PDMS/MMT nanocomposite between two TPU films previously weighted, and then 
blending with 10 P&F cycles at 180 °C for 20 seconds and 50 bars. A reference 
PDMS/MMT sample has also been processed with 10 P&F cycles at 180 °C for 20 
seconds and 50 bars. 
9.3.2 Microstructural observations 
Figure 9.7 shows SEM pictures of the microstructures of PDMS + 81 wt.% MMT 
nanocomposites. The MMT appear aligned in-plane of the films, and the thermal 
treatment at 180 °C with 10 P&F cycles does not have any significant impact on the 
microstructure. 
 
Figure 9.7 SEM observations of PDMS + 80 wt.% MMT nanocomposites miming the first level of 
hierarchical structure of nacre. 
 
Figure 9.8 presents the microstructure of the same nanocomposites after defined 
amounts of TPU have been added and mixed with 10 P&F cycles at 180 °C. The MMT 
appear still aligned, but there is no evidence of the brick and mortar structure (“mortar” 
TPU separating “bricks” of PDMS/MMT) at the studied magnification. Indeed, the initial 
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TPU layers were ~ 50 µm thick, so after 10 P&F cycles they should be thin ~ 50 nm, i.e. 
hardly notable. 
 
Figure 9.8 SEM observations of the microstructures of PDMS/MMT nanocomposites after adding 
TPU to simulate the second level of hierarchical structure of nacre. 
 
9.3.3 Mechanical properties 
Figure 9.9 reports the mechanical properties of PDMS/MMT nanocomposites, together 
with those of neat PDMS. The presence of MMT clearly increases the properties of 
PDMS but decreases the toughness. The cross-linking degree of PDMS increases with 
time, making the nanocomposite even stiffer and stronger, but less tough. 
The nanocomposite processed with 10 P&F cycles at 180 °C (reference for next samples 
with TPU) are less stiff/strong, and much more brittle. 
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Figure 9.9 Mechanical properties of PDMS + 80 wt.% MMT nanocomposites miming the first level of 
hierarchical structure of nacre. 
 
Figure 9.10 shows the effect on the mechanical properties of PDMS/MMT 
nanocomposites when different amounts of TPU have been added. Surprisingly, there is 
an ideal concentration of TPU (ca. 2.5 wt.%) that gives an enhancement in stiffness, 
strength, and toughness. As TPU has mechanical properties (Table 9.1) that are much 
lower than those of PDMS/MMT nanocomposites, the mechanical enhancement 
observed after an addition of 2.5 wt.% TPU must be due to an optimised microstructure. 
At this TPU concentration, the “bricks” of PDMS/MMT must have reached an optimal 
size within the “mortar” TPU network, resulting in a “nacre-effect” that has enhanced the 
mechanical properties. 
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Figure 9.10 Mechanical properties of the microstructures of PDMS/MMT nanocomposites after adding 
TPU to simulate the second hierarchical level of nacre’s structure. 
 
Table 9.1 Mechanical properties of neat TPU. 
Modulus (MPa) 
Stress at 1% 
strain (MPa) 
Strength (MPa) 
Strain at break 
(%) 
Toughness 
(mJ/mm3) 
18.3 ± 1.0 0.167 ± 0.027 13.1 ± 1.1 492 ± 11 33.4 ± 1.3 
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9.4 Conclusion 
The microstructural control allowed by the P&F technique allows the preparation of 
nanocomposites with defined dispersion levels of nanofiller and with hierarchical 
microstructures. In particular, we have shown that high dispersion levels of nanofiller (i.e. 
D → 1) are reached, then the energy-management functions of nanocomposites are 
optimized, whereas the strain-sensing functionalities are increased with a slightly lower 
nanofiller dispersion, and the Joule-heating effect is increased by dispersion levels close 
to Dc. Eventually, we have demonstrated that blends of PDMS/TPU can be obtained by 
P&F without any coupling agents and that these blends present enhanced mechanical 
properties when TPU organises PDMS-MMT blocks in a way that mimic the effect of the 
second hierarchical level of nacre’s structure.  
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Conclusions 
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Graphene is an ideal nanofiller because can improve the performance of composites, 
making them stiffer, stronger and lighter. These aspects seem to be the most appealing 
for many industries. However, the mechanical potential of graphene-based 
nanocomposites has not been fully exploited yet, and this might not be easily reached in 
the near future. Several issues must be resolved first, before a large and effective use of 
graphene as a mechanical reinforcement can be adopted. The dispersion and 
distribution of graphene inside polymers is still the main concern, especially at high 
loadings and when graphene has high aspect-ratios. Nanocomposites containing 
agglomerates of graphene present bad properties and could even perform worse than 
neat polymers. A production technique that allows controlling the dispersion of high 
graphene amounts, together with the spatial orientation of the graphene sheets for 
achieving anisotropic nanocomposites, is therefore needed. Nevertheless, some of the 
properties of graphene-based nanocomposites are already exploitable, as they are less 
affected by graphene dispersion problems than the mechanical properties are. 
In this study, we have unravelled the relationship between nanocomposite properties 
and nanofiller dispersions and distributions, both experimentally and theoretically. Our 
theoretical framework can be used either to back-calculate an unknown nanofiller 
dispersion level, or to optimize microstructures to exploit nanocomposite multifunctional 
properties for desired technological applications. 
Thanks to the spray-assisted LbL technique, we have prepared nanocomposites with 
enhanced electrical conductivities, consequence of a tailored graphene agglomeration. 
The sa-LbL technique could be automatized to prepare large-area nanocomposite films 
or coatings with extremely low electrical percolation thresholds. 
To increase our control over nanofiller dispersion and alignment, and to prepare 
nanocomposites with high nanofiller loadings, we have developed the pressing-and-
folding technique that seems to be promising at least for relatively low aspect-ratio 
nanofillers. With the P&F we have experimentally demonstrated the effect of nanofiller 
dispersion on nanocomposite properties, and that mechanical reinforcements close to 
maximum theoretical predictions and independent on nanofiller loading could be 
achieved. We have also shown some nanocomposites with optimised microstructures 
that present enhanced multifunctionalities such as strain-sensing, self-heating, energy 
management, and mechanical reinforcement due to a “nacre-effect”. 
P&F is a scalable processing method that has the advantage to operate at relatively low 
temperatures, avoiding re-agglomeration of nanofillers. It may be possible to prepare 
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nanocomposites also with high nanofiller loadings and aspect-ratios if this technique was 
scaled up and automatized.  
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11.1 X-ray diffraction (XRD) observations 
Figure 11.1 shows the XRD patterns of expanded graphite (EG) powder, neat linear low 
density polyethylene (LLDPE) at different pressing and folding (P&F) cycles, 
nanocomposites of LLDPE + 0.21 vol.% of graphite nanoplatelets (GNP) at different P&F 
cycles, nanocomposites of LLDPE + 4.8 vol.% of GNP at different P&F cycles, and a 
nanocomposite of LLDPE + 35 vol.% of GNP at 200 P&F cycles. All the details of these 
XRD patterns are presented in Table 11.1. 
 
Figure 11.1 XRD patterns of EG powder, neat LLDPE, and LLDPE nanocomposites containing 
specified GNP loadings. 
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Table 11.1 Values found or calculated from all the XRD patterns of Figure 11.1. 
Sample 
P&F 
cycles 
GNP 
(002) 
peak 
(° 2θ) 
𝑡 of 
GNP 
(nm) 
LLDPE 
crystallite 
size from 
(110) peak 
(nm) 
LLDPE 
crystallite 
size from 
(200) peak 
(nm) 
LLDPE 
crystallinity, 
Xc (%) 
EG 
powder 
 26.57 27    
LLDPE 
1   16.6 11.1 32.4 ± 0.6 
150   16.9 11.2 33.4 ± 0.4 
LLDPE + 
0.21 
vol.% 
GNP 
10 26.77 26 16.5 11.1 32.5 ± 0.4 
200 26.63 33 17.3 11.1 31.5 ± 0.4 
500 26.63 31 17.3 11.0 33.1 ± 0.5 
LLDPE + 
4.8 vol.% 
GNP 
10 26.62 28 17.4 11.6 34.0 ± 0.6 
200 26.66 26 17.5 11.3 36.6 ± 0.6 
500 26.63 28 18.1 12.5 36.7 ± 1.3 
LLDPE + 
35 vol.% 
GNP 
200 26.66 27 15.0 11.0 40 ± 4 
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11.2 Nanocomposites of LLDPE + 0.21 vol.% GNP at different P&F cycles: 
nanofiller distribution and microstructures 
Figure 11.2a shows a macroscopic visualisation of the effect of the P&F technique on 
the distribution of GNP throughout the specimen of a series of samples containing 0.21 
vol.% of GNP. The colour of these samples became darker with P&F cycles because of 
better nanofiller dispersion and distribution. Figure 11.2b shows the microstructures of 
these nanocomposites at different P&F cycles. At low P&F cycles, the microstructures 
show large EG agglomerates with a thickness nearly the same as the film sample, which 
decreased in thickness and width with P&F cycles. Eventually, at 500 P&F the particles 
were well distributed, dispersed and oriented parallel to the plane of the film samples. 
 
Figure 11.2 Pictures (a) and SEM images (b) of the cross-sections of LLDPE + 0.21 vol.% GNP 
samples at different P&F cycles. 
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11.3 Influence of P&F cycles on the properties of neat LLDPE 
The P&F technique consists of pressing a thermoplastic polymer with a nanofiller at a 
temperature slightly above the polymer’s melting point, thus the polymer should recover 
its initial properties after cooling down to ambient temperature. It is worth noting that the 
P&F was performed in air, and to assess any effect of thermal degradation on the 
alteration of polymer properties, samples of pure LLDPE were prepared at 1, 50, 100, 
and 150 P&F cycles. Tensile tests revealed that the properties (Young’s modulus, yield 
stress, and ultimate tensile stress) of pure LLDPE at different numbers of P&F cycles 
were relatively unaffected by the P&F technique up to 150 P&F cycles (Figure 11.3). 
Therefore, the sample prepared at the first P&F cycle was used as reference sample for 
comparison with nanocomposite properties. 
 
Figure 11.3 Young's modulus (a), yield (b), and break point (c) of neat LLDPE samples prepared at 
different P&F cycles. 
The XRD pattern of pure LLDPE (Figure 11.1) shows two diffraction peaks around 21.6° 
2θ and 23.8° 2θ due to the (110) and (200) reflections superimposed to an amorphous 
halo [198,199]. The crystallinity was ~33% for both samples prepared at one and 150 
P&F cycles (Table 11.1). The crystallites size calculated from the (110) and (200) peaks 
were of 17 nm and 11 nm, for both samples. These findings suggest that the P&F 
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technique up to 150 P&F cycles has little effect on the properties of neat LLDPE. 
Moreover, Table 11.1 shows that a sample of LLDPE containing a small amount of GNP 
(0.21 vol.%) did not change its crystallinity up to 500 P&F cycles, confirming that the 
properties of LLDPE are not significantly influenced by the P&F technique. 
11.4 Influence of P&F cycles on the properties of LLDPE and GNP inside 
nanocomposites 
It was shown above how the P&F technique itself does not significantly influence the 
properties of neat LLDPE, however, the presence of GNP together with the effect of the 
pressing and folding cycles could change its crystallinity. This is important because 
LLDPE of higher crystallinity has an increased Young’s modulus and yield stress, but 
lower tensile strength and elongation at break [145]. 
Nanocomposites containing 4.8 vol.% of GNP showed that the LLDPE crystallite sizes 
and crystallinity increased slightly with the number of P&F cycles (Table 11.1). However, 
referring to the findings of Kundu et al. [145], a relative increase of ~8% in crystallinity 
found for the sample at 500 P&F is too low to significantly alter the mechanical properties 
of LLDPE. Therefore, an eventual improvement of the nanocomposite’s mechanical 
properties should be attributed mainly to an improved reinforcing efficiency of the 
nanofiller as a result of an improvement in nanofiller distribution and dispersion rather 
than an increase of polymer crystallinity. 
Regarding the GNP characteristics, the graphite diffraction peak did not change its 
position with the number of P&F cycles, meaning that the crystalline interlayer spacing, 
and the density of GNP was unaffected by the P&F cycles. Likewise, since the (002) 
peak did not shift to lower 2θ values as it happens for graphite oxide 
[169,173,176,200,201], no oxidation of GNP is expected to take place during the P&F 
process. Furthermore, the thickness of GNP remained the same with P&F cycles, 
meaning that there was no exfoliation of GNP during the process, thus any variation in 
the properties of the nanocomposites with P&F cycles must be caused only by improved 
distribution and dispersion of the nanofiller, rather than an increase in aspect-ratio. 
All the above observations are confirmed by the samples of LLDPE containing 0.21 vol.% 
of GNP. No relevant changes in LLDPE crystallite sizes and crystallinity with the number 
of P&F cycles was present (Table 11.1), that is, the matrix properties are not influenced 
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by the P&F technique. The graphite diffraction peak did not modify its position with the 
number of P&F cycles, meaning that the density of GNP was unaffected by the P&F 
cycles, and that GNP did not oxidize during the hot-pressing steps. Furthermore, the 
thickness of GNP remained the same with P&F cycles, viz. there was no exfoliation of 
GNP during the process. 
11.5 Influence of GNP loading on the properties of GNP and LLDPE inside 
nanocomposites prepared at 200 P&F cycles 
As reported in Table 11.1, the LLDPE crystallite sizes remained almost the same for 
samples prepared at 200 P&F cycles containing three different amounts of GNP (0.21, 
4.8, and 35 vol.%): there was only a small decrease from 17 nm to 15 nm for the 
crystallite size related to the (110) peak of the sample containing 35 vol.% of GNP. The 
LLDPE crystallinity increased with the amount of GNP. These findings are in contrast 
with what is reported in literature: the addition of nanofiller slightly increased the LLDPE 
crystallite sizes [144], and decreased the degree of crystallinity [144,198], because of a 
random interface between nanofiller and matrix, which “inhibited the ordered crystalline 
structure of the polymer chains” [144]. Other studies indicated that the LLDPE 
crystallinity calculated from differential scanning calorimetry (DSC) measurements did 
not change with the amount of GNP [175], or with the amount of graphene [173]. 
Therefore, the P&F technique might help the LLDPE polymer chains to arrange 
themselves in a crystalline structure among graphite nanoparticles. However, referring 
to the findings of Kundu et al. [145], a relative increase of ~22% in crystallinity compared 
with pure LLDPE was found for the sample containing 35 vol.% of GNP is too low to 
significantly alter the mechanical properties of LLDPE.  
Eventually, the position of the graphite (002) peak and the thickness of GNP remained 
the same as a function of the amount of GNP in the samples, meaning that there was no 
change in the intrinsic properties of GNP during the processing of these nanocomposites. 
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11.6 Mechanical reinforcement of MMT nanocomposite found in literature 
Table 11.2 Mechanical reinforcement found in literature for MMT nanocomposites prepared by melt 
processing, solution processing, or layer-by-layer. 
Processing 
technique 
Matrix MMT content 
(wt.%) 
Mechanical 
reinforcement 
(Ec/Em) 
Reference 
Melt blending PVC 0.5 
1 
3 
5 
1.01 
1.01 
1.06 
1.04 
[202] 
Solution 
processing 
PLA 2 
4 
6 
8 
1.22 
1.36 
1.33 
1.31 
[203] 
Melt blending PA6 1.5 
2.9 
4.6 
6.6 
1.26 
1.53 
1.69 
1.85 
[204] 
Melt blending PA6 2 
4 
6.5 
1.30 
1.50 
1.73 
[204] 
Solution 
processing 
PET 1 
2 
3 
1.30 
1.49 
1.85 
[205] 
Solution 
processing 
PVA 2 
4 
6 
10 
1.80 
3.10 
2.75 
3.40 
[206] 
Solution 
processing 
PS 3.6 
5.6 
7.6 
1.15 
1.31 
1.59 
[207] 
Melt blending PBS 1.5 
2.5 
4 
5.5 
1.19 
1.42 
1.80 
3.46 
[208] 
Melt blending LLDPE 0.8 1.39 [209] 
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2.5 
4.6 
6.9 
1.80 
2.52 
2.99 
Melt blending PLA 1.2 
3 
4 
1.46 
1.49 
1.65 
[210] 
Solution 
processing 
PS 5 
10 
20 
30 
1.07 
1.57 
2.18 
1.51 
[211] 
Solution 
processing 
Chitosan 2.5 
5 
10 
1.09 
1.16 
1.26 
[212] 
Solution 
processing 
Polyester 3 
5 
7 
10 
1.12 
1.22 
1.18 
1.32 
[213] 
Melt blending PLA 2.5 
5 
7.5 
1.17 
1.32 
1.50 
[214] 
Solution 
processing 
PLA 2 
4 
6 
8 
1.22 
1.37 
1.32 
1.31 
[215] 
Solution 
processing 
PLA 2 
4 
6 
8 
1.21 
1.29 
1.49 
3.04 
[215] 
Melt blending LDPE 3 
6 
1.02 
1.03 
[216] 
Melt blending PA6 2.7 
4.9 
1.45 
1.66 
[217] 
Solution 
processing 
Cellulose 1 
5 
10 
25 
50 
1.01 
1.56 
1.55 
1.69 
1.67 
[218] 
174 
 
Solution 
processing 
PEO 76 
85 
6.25 
15.9 
[219] 
Solution 
processing 
Cellulose 60 
83 
3.70 
5.80 
[219] 
LbL PVA 70 7.64 [220] 
LbL PVA-GA 70 53.0 [220] 
LbL PDDA 80 68.7 [221] 
LbL Chitosan 80 3.21 [222] 
LbL PVA 70 
70 
70 
7.64 
24.1 
34.1 
[223] 
LbL PAA 70 6.14 [224] 
LbL PVA 55 5.89 [225] 
LbL PVA 96 
97 
98 
99 
2.22 
4.88 
24.8 
18.8 
[226] 
LbL PVP 95 3.80 [227] 
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